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Abstract
Nowadays, light emitting diodes (LEDs) and laser diodes (LDs) are part of our daily life. More
and more devices incorporate InGaN-based optoelectronic devices. In fact, since the first
demonstration of a candela-class InGaN-based LED in the beginning of the nineties, those
LEDs have quickly become popular. The efficiency of blue InGaN LEDs is nowadays very
high and when coated with a yellow phosphor, they can efficiently emit white light. Such
white LEDs are more and more used for different lighting applications, from home lighting to
car lighting. Another application of blue InGaN emitters that is found in many households
is the Blu-ray disc, based on a 405 nm LD. The great success of the III-nitrides in the blue
range created a strong interest to extend the wavelength range into the green, as efficient
green emitters are missing. However, their performance is still low compared to their blue
counterparts.
The goal of this dissertation is to investigate issues that limit the performance of green InGaN
LEDs and LDs. To achieve efficient green emission, the growth temperature needs to be
reduced to incorporate more indium into the active region. In this context, the present study
is divided into two parts. In the first one, the growth regime of GaN as a function of the
temperature is investigated and the physical origin of the surface features is discussed. When
lowering the temperature, the so called Ehrlich-Schwöbel barrier, a barrier at the step-edges,
causes a different attachment probability for the adatoms arriving from the different sides.
This asymmetry can lead to the appearance of three different kinetic surface morphologies:
hillocks, fingers, or step-bunching. After presenting the theory, the three different regimes
are demonstrated for GaN, and the growth parameters that allow to control the morphology
are investigated. Indeed, the different morphologies usually reported for the different growth
techniques can be attributed to the different growth parameters commonly used. In the end
of the first part, the influence of the underlaying morphology on the properties of the active
region of an LED is discussed.
In the second part, the impact of the thermal budget on the properties of InGaN quantum wells
(QWs) is discussed. Active regions with a high In content can degrade easily when the p-type
layer is grown on top, due to being exposed to a too high thermal budget. This is especially
critical for green LDs which require thick cladding layers, i.e. a long growth time. The origin of
the degradation and the parameters influencing it are discussed first: when an In-rich QW is
annealed at a too high temperature, its emission intensity is reduced and dark spots appear
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on PL maps. The annealing temperature causing this degradation depends on the indium
content, the QW thickness and the number of QWs. It is shown that these dark spots exhibit a
peculiar emission spectra, with a characteristic emission at 2.75 eV. This emission is tentatively
attributed to nitrogen vacancies that are created by the formation of metallic indium clusters
in the active region. Then the focus is laid on the beneficial effects that can take place when
an In-rich active region is exposed to a moderate thermal budget. Apart from reducing the
linewidth of the emission, a strong improvement in photoluminescence intensity can be
achieved. This improvement increases for high indium content QWs, i.e. when the growth
temperature is low. In fact, this improvement is more pronounced for molecular beam epitaxy
grown structures whose active regions are grown at a much lower temperatures than their
metal organic vapor phase epitaxy counterparts. This is tentatively ascribed to the reduction of
point defects by thermal annealing. As a consequence, a moderate annealing can be beneficial
for both to reduce the non-radiative recombinations and the linewidth. It is finally proposed
to perform a short annealing step of high indium content QWs before growing the p-type
(cladding) layer at low temperature.
Keywords: III-nitrides, gallium nitride, indium gallium nitride, light emitting diodes, laser
diodes, Ehrlich-Schwöbel barrier, growth kinetics, thermal annealing, point defects
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Zusammenfassung
Leuchtdioden (LEDs, von engl. light emitting diode) und Laserdioden (LDs) sind heutzutage
Teil unseres alltäglichen Lebens. Immer mehr Geräte verwenden InGaN basierte optoelek-
tronische Bauteile. Seit der ersten Demonstration einer InGaN basierten LED in den späten
Achtzigern des 20ten Jahrhunderts wurden solche LEDs schnell populär. Die Effizienz von blau-
en InGaN LEDs ist sehr hoch. Beschichtet mit einem gelben Phosphor können sie weißes Licht
ausstrahlen. Solche weißen LEDs werden mehr und mehr für Beleuchtungszwecke verwendet.
Die Anwendungen reichen von der Innenraumbeleuchtung bis hin zu Autoscheinwerfern.
Eine weitere Anwendung von solchen InGaN Emittern, die in vielen Haushalten anzutreffen ist,
ist der Blu-ray Player, der auf InGaN LDs mit einer Wellenlänge von 405 nm basiert. Der große
Erfolg der blauen InGaN Emitter sorgt für ein großes Interesse, ihre Emissionswellenlänge in
den grünen Spektralbereich auszudehnen, da effiziente grüne Halbleiterlichtquellen bisher
fehlen.
Das Ziel dieser Dissertation ist die Untersuchung von Problemen, die die Leistung von grünen
InGaN LEDs und LDs begrenzen. Um eine effiziente grüne Emission zu erreichen, muß die
Wachstumstemperatur des InGaNs gesenkt werden, damit mehr Indium eingebunden werden
kann. Dies führt zu Problemen mit der Kristallqualität und der Homogenität der Schichten.
In diesem Kontext ist die Studie in zwei Teile aufgeteilt. Im ersten wird die Veränderung
des Wachstumsregimes untersucht, welche beim Senken der Wachstumstemperatur auftritt,
und der physikalische Ursprung der beobachteten Oberflächenmorphologien wird diskutiert.
Wenn die Temperatur gesenkt wird, wird die sogenannte Ehrlich-Schwöbel Barriere relevant.
Sie ist eine energetische Barriere für adsorbierte Atome und befindet sich an den Stufen-
kanten der Wachstumsoberfläche. Sie beeinflusst die Wahrscheinlichkeit einer Anlagerung
von adsorbierten Atomen an einer Stufenkante in Abhängigkeit von deren Ursprung: Die
Anlagerung von Atomen der darüberliegenden Stufe wird reduziert, wenn eine ausgeprägte
Ehrlich-Schwöbel Barriere vorhanden ist. Diese Asymmetrie führt zu dem Entstehen von
drei speziellen kinetischen Oberflächenmorphologien: Hügel (engl. hillocks), Meander und
Stufenbündelung (engl. step-bunching). Nach der Vorstellung der entsprechenden Wachs-
tumstheorie werden die drei verschiedenen Wachstumsregimes für GaN präsentiert, und
die Wachstumsparameter, die die Kontrolle der Oberflächenmorphologie erlauben, unter-
sucht. In der Tat lassen sich die verschiedenen Oberflächenmorphologien, die sich in der
Literatur für die verschiedenen Wachstumsmethoden finden lassen, auf die jeweils typischen
vii
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Wachstumsparameter zurückführen. Alle präsentierten Morphologien können jedoch mit
sowohl mit metallorganischer Gasphasenepitaxie (MOVPE, von engl. metallorganic vapor
phase epitaxy) als auch mit Molekularstrahlepitaxie (MBE, von engl. molecular beam epitaxy)
realisiert werden, wenn die Wachstumsparameter angepasst werden. Am Ende des ersten
Teils wird schließlich der Einfluss der darunterliegenden Oberflächenmorphologie auf die
Eigenschaften der aktiven Zone einer LED diskutiert.
Im zweiten Teil wird das Problem der thermischen Stabilität betrachtet. Eine aktive Zone
mit einem hohen Indiumanteil kann leicht degradieren, falls die darüberliegende p-dotierte
Schicht mit einer zu hohen Temperatur aufgewachsen wird. Dies ist besonders relevant für
LD, wo die Wachstumszeit der p-dotierten Schichten bis zu zwei Stunden betragen kann
und daher ein großes thermisches Budget induziert wird. Der Ursprung der Degradierung
und die Parameter, die diese beeinflussen, werden zuerst diskutiert. Wenn eine indiumreiche
Struktur mit einer zu hohen Temperatur getempert wird, reduziert sich ihre Emissionsin-
tensität durch Bildung von lokal begrenzten Regionen sehr niedriger Emissionsintensität.
Die Tempertemperatur, für die eine Degradierung auftritt, hängt von dem Indiumanteil, der
Quantentopf- (QW, von engl. quantum well) Dicke und von deren Anzahl ab. Es wird ge-
zeigt, dass jene Regionen mit niedriger Intensität ein geändertes Emissionsspektrum haben,
welches eine zusätzliche blaue Emission bei 2,75 eV aufweist. Diese Emission könnte von
Stickstoff-Gitterlücken kommen, die durch die Bildung von metallischen Indiumanhäufungen
in der aktiven Zone entstehen. Danach fokussiert die Studie auf die vorteilhaften Effekte, die
beim Tempern von indiumreichen InGaN Verbindungen auftreten können. Neben der Redu-
zierung der Photolumineszenz-Linienbreite kann auch eine starke Verbesserung von deren
Intensität erreicht werden. Diese Verbesserung erhöht sich mit steigendem Indiumanteil und
sinkender Wachstumstemperatur. In der Tat ist diese Verbesserung stärker ausgeprägt für
Proben, die mit MBE bei tieferen Temperaturen aufgewachsen wurden, als für Proben, die mit
MOVPE hergestellt wurden. Die Verbesserung der Intensität könnte auf einer Reduzierung der
Punktdefektdichte durch das Tempern basieren. Tempern kann also eine Verbesserung der
Linienbreite und eine Reduzierung der nicht-strahlenden Rekombinationszentren bewirken.
Letzteres scheint bereits beim Wachstum von Strukturen mit mehreren QWs einzutreten,
bei denen die QWs durch die längere Wachstumsdauer bereits leicht getempert werden. Als
Konsequenz wird vorgeschlagen, die aktive Zone von indiumreichen InGaN QWs mit einem
passenden thermischen Budget zu tempern, und die anschliessende p-dotierte Schicht bei
niedriger Temperatur aufzuwachsen.
Schlagwörter: III-Nitride, Galliumnitrid, Indiumgalliumnitrid, Leuchtdiode, Laserdiode, Ehrlich-
Schwöbel Barriere, Wachstumskinetik, Tempern, Punktdefekte
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Introduction
InGaN-based light sources are nowadays common devices for many applications. While
their success story started not that long ago, the first investigation of nitride semiconductors
started over a century ago, with AlN in 1907 [1], and 25 years later with GaN [2]. GaN was
first grown epitaxially on sapphire in 1969 [3]. It was one of the first materials grown by metal
organic vapor phase epitaxy (MOVPE) [4]. While its basic properties were investigated [5]
and electroluminescence was realized in 1971 [6], this materials system still exhibited a poor
crystalline quality. Unlike the other III-V semiconductors, such as GaAs, which experienced
a rapid development in the 70s, GaN was held back due to the lack of p-conductivity. Only
in the late eighties, Amano et al. discovered that an activation of magnesium-doped GaN
enabled p-conductivity [7]. This development led to the first p/n junction and the first GaN
light emitting diode (LED).
After the principle of activation of Mg-doped GaN was demonstrated by low-energy electron-
beam irradiation, Nakamura et al. showed that a simple annealing in a nitrogen atmosphere is
sufficient to activate the magnesium [8]. This sparked a rapid development with the realization
of the first blue high-brightness LED in 1994 by the company Nichia [9, 10, 11]. Just shortly
afterwards, the first injection laser diode (LD) was demonstrated [12].
Nowadays, InGaN-based LEDs cover a broad spectral range, from yellow down to UV [13].
However, the highest efficiency of InGaN-based LEDs and LDs is obtained for blue emission
[14]. Both are becoming more and more part of the everyday life. As an example, blue LDs
are used to increase the density of information in optical data storage (Blu-ray discs) and
LEDs are used for displays (e.g. in TVs, laptops, outdoor screens, or mobile phones). The
most striking application is the white LED which is used for lighting, e.g. in cars, streets, or
houses. To obtain white emission, a blue InGaN LED is covered with a yellow phosphor [15]:
the phosphor absorbs part of the light emitted by the InGaN layer and reemitts in the yellow
spectral range. The resulting spectra is perceived as white by the human eye. By adjusting the
phosphor material, the color can be perceived warmer (yellowish) or colder (blueish).
Despite their widespread commercial applications, III-nitrides have still unsolved issues, such
as the strong drop in efficiency for devices emitting in the green range. Indeed, the success
of blue InGaN LEDs and LDs created an interest to extend those highly efficient devices to
a longer wavelength range. Green LDs could be used e.g for pico-projectors, while yellow
ones could have potential biomedical applications. However, the device performance drops
1
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strongly when the wavelength is increased. In a review, Wu called this issue the “green valley
of death” [13]. Indeed, not only the efficiency of the InGaN-based emitter drops strongly when
approaching the green range, but the same happens to phosphide-based light emitters, usually
used for red LEDs, when approaching the green gap from the other side of the spectrum.
One of the main issues is to maintain a high crystalline quality while increasing the indium
content to reach green emission [16]. Typically, over 25 % indium is needed for efficient green
emitters [17]. This makes green high brightness LEDs and LDs very challenging, because of al-
loy disorder and thermal stability. Although several companies have published very promising
results on green LDs since 2009 [18, 19, 20], only a handful of them are able to market green
LDs.
One of the issues to achieve high indium content alloys needed for such devices is the thermal
stability of the In-rich InGaN alloy. This implies a low growth temperature. In this context,
different growth techniques, molecular beam epitaxy (MBE) and MOVPE, have been consid-
ered. MOVPE is the technique of choice for industrial production and MBE is mainly used for
research, at least for III-nitrides. Actually, MBE grown GaN-based devices have not reached
the performance of their MOVPE counterparts yet. Böttcher called this “the “scientific” world
of MBE” and “the “magic” world of MOVPE” [21].
The manuscript starts with a short introduction which presents the basics of the materials
system, the growth techniques, and the analyzing tools. Then the manuscript consists of
two distinct studies. In the first part, the effect of the growth kinetics on the growth mode is
investigated for both MOVPE and MBE, and the physics behind the different observed surface
morphologies is discussed. In the second part, the thermal stability and materials quality of
In-rich InGaN QWs grown at low temperatures are are studied, with a focus on the effect of the
temperature on point defect density.
2
1 Basics of the III-nitrides and experi-
mental techniques
In this part, some of the basics of the III-nitrides will be reviewed first, with a focus on
growth-related issues. Then, the experimental growth techniques and the tools used for layer
characterization will be presented.
1.1 Introduction to the group-III nitrides
The first focus is on the basic materials properties of the III-nitride system. Note that for very
basic concepts, the reader is referred to references [22, 23], as the main focus will be on the
concepts that will play a role for the experimental part.
Gallium nitride (GaN), indium nitride (InN) and aluminum nitride (AlN) are the building
blocks of nitride-based optoelectronic devices. Other binary III-nitride compounds like boron
nitride (BN) are not used for devices and will not be discussed further here. GaN, InN and AlN
share common features. They form crystals in the hexagonal wurtzite structure (space group
C46v / point group C6v ). A schematic of the wurtzite structure is displayed in Fig. 1.1. Each type
c - plane
a - plane
m - plane
Figure 1.1: Schematic drawing of a HCP unit cell for a binary compounds, by courtesy of G.
Rossbach (LASPE-EPFL).
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Table 1.1: Basic properties of the III-nitrides, taken from [13] and [24, 25, 26, 27, 28, 29].
Parameter: AlN GaN InN
Lattice constant a at 300K (nm) [24] 0.3112 0.3189 0.3533
Thermal expansion along a (10−6/K) [24] 4.2 5.6 3.8
Lattice constant c at 300K (nm) [24] 0.4982 0.5185 0.5693
Thermal expansion along c (10−6/K) [24] 5.3 3.2 2.9
Bandgap Eg at 0K (eV) [25] 6.25 3.51 0.69
Bandgap Eg at 300K (eV) [25] 6.14 3.43 0.64
Varshni parameter α (meV/K) [25] 1.799 0.909 0.414
Varshni parameter β (K) [25] 1462 830 454
Exciton binding energy (meV) 48 [26] 27 [27, 28] 5 [29]
Spontaneous polarization (C/m2) [25] -0.090 -0.034 -0.042
B
B B
A
A A
A
C
Wurtzite Zincblende[0001] [111](a) (b)
Figure 1.2: Schematic drawings of the (a) AB AB and (b) ABC ABC stacking orders along the
polar c-axis for wurtzite and zincblende crystals, respectively. Adapted from [30].
of atom (metal and nitrogen) is arranged in a hexagonal close-packed system, shifted with
respect to the other along the c-axis ([0001]). The lattice parameters of each of the three binary
compounds are given in Tab. 1.1. Note that it is also possible to obtain a metastable cubic
zincblende phase for III-nitrides grown under certain conditions. However, only the wurtzite
structure is treated in this work.
The wurtzite structure is characterized by an AB AB sequence, while zincblende has an ABC
ABC one (see Fig. 1.2). Each atomic layer is rotated by 30◦ in-plane with respect to the subse-
quent one. One important phenomenon arises from the wurtzite structure. The barycenters
of the positive and negative charges are not superimposed along the c-axis [30]. This leads to
spontaneous polarization in the bulk material along the so-called polar c-axis. The magnitude
of the spontaneous polarization depends on the deviation from the ideal crystal structure.
Moreover, external stress can induce a piezoelectric polarization by deforming the lattice.
These two types of polarization are displayed in Fig. 1.3. Similarly, an applied external field can
also deform the lattice, as a reversal of the piezoelectric effect. The spontaneous polarization
coefficients of the binary compounds are given in Tab. 1.1. Those of the ternary alloys are not
4
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c
a
u·c
Psp c’
a’
u’·c’
Psp
P’= P +sp Ppz
Ppz
[0001]
Figure 1.3: Schematic representation of the (a) spontaneous (Psp ) and (b) piezoelectric (Ppz )
polarization in III-nitrides. Adapted from [30].
Table 1.2: Valence band offset and bowing parameters of the ternary alloys
Parameter AlN-GaN GaN-InN AlN-InN
Valence band offset (eV) [31] -0.7 -1.1 -1.8
Alloy bandgap bowing (eV) 0.6 [32] 1.4 [33] 5.0 [34]
simple linear combination but exhibit a bowing [30].
As mentioned in the introduction, the importance of the III-nitrides for the optoelectronic
industry comes from the fact that they are wide bandgap semiconductors, which also have a
direct bandgap, thus allowing a direct emission of photons. Furthermore, the bandgaps of the
three binary compounds cover a broad spectrum (see Tab. 1.1), including the whole visible
range from the UV (6.14 eV for AlN) to the infrared (0.64 eV for InN).
For most applications, combinations of binary compounds are used to synthesize ternary
alloy or quaternary alloys. Their bandgaps vs lattice parameters are displayed in Fig. 1.4. A
few things need to be discussed in more detail. First, the bandgaps of ternary alloys are bent
following the Eq. (1.1) for an A1−x Bx N alloy:
Eg (x)= Eg (AN ) · (1−x)+Eg (B N ) · x−b · x · (1−x), (1.1)
with b the bowing parameter, given by Tab. 1.2 for each ternary alloy. Second, at an interface
between two different semiconductors, there is a valence band discontinuity [31]. These
values are also given in Tab 1.2 for the case of binary compound interfaces. Third, alloys
with a high indium content are especially challenging to realize, due to the different in lattice
parameters of the binaries they are made of.
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H
Figure 1.4: Bandgap energy over lattice parameter for III-nitrides.
1.2 Epitaxy and growth-related issues
Growing one material on itself (e.g. GaN on GaN) is called homoepitaxy, otherwise, it is called
heteroepitaxy (e.g. InGaN or AlN on GaN). Homoepitaxially grown layers are de facto lattice-
matched, as well as some alloys that can be latticed-matched to other materials. The most
notable for the III-nitrides is In0.17Al0.83N, which is lattice-matched to GaN when grown along
the c-axis [35].
In heteroepitaxy, depending on whether the underlaying layer has a smaller or a larger lattice
parameter, the top layer is under compressive or tensile strain, respectively. Usually, the
strain causes the in-plane lattice structure of the top layer to adapt to the underlaying one,
while deforming the lattice parameter in the growth direction. This typically happens for thin
layers. The second option is that the top layer relaxes to its original lattice parameter via the
introduction of crystal defects at the interface, or gradually after a certain thickness. This
happens when the elastic energy, which depends on the thickness and the strain, becomes too
high. These processes are schematically displayed in Fig. 1.5.
One can not discuss growth and strain without addressing the issue of the substrate. A
substrate should meet several requirements, mainly a similar lattice parameter (or at least
enabling a minimal strain) and a similar thermal expansion coefficient to the subsequently
grown material. One can also add a good thermal conductivity, a suitable surface chemistry,
the ability to be mechanically structured (e.g. offcut) and last but not least, the availability and
affordability are also important requirements. The use of foreign substrates generally leads to
the formation of various defects, as well as to cracks, which affect the optical and electrical
properties. Delamination, especially for different thermal expansion coefficients, e.g. for GaN
on silicon (Si), may also occur. No foreign lattice-matched substrates are available for the
III-nitride system [36]. However, bulk GaN substrates have become available and their quality
has improved over the past years, but they are still very expensive. As a consequence, foreign
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Figure 1.5: Schematic representation of heteroepitaxial layers.
substrates, especially sapphire and Si, are very common and more relevant for most industrial
applications. Nowadays, the most commonly used substrate is sapphire, due to its low price,
high availability, and compatibility with GaN, although its thermal conductivity, as well as its
lattice mismatch to GaN, are less optimal. Silicon, being by far the most mature substrate,
is available with a ultra high purity and crystalline quality and in much larger diameters. As
its price is the most competitive and its processing the most developed, several groups are
actively working on reducing or circumventing the drawbacks of its use as a substrate. Indeed,
GaN on Si is highly strained and the difference in thermal expansion coefficients can lead to
cracks. In this work, only sapphire and bulk GaN (in the following called free standing GaN
(FS GaN)) are used as substrates.
1.2.1 Epitaxy: the different growth modes
For crystal growth in general, there are different possible growth modes. On a flat and defect
free surface, depending on the wetting behavior, i.e if the surface free-energy of the growing
film is lower than that of the substrate, two dimensional (2D) islands nucleate. In this smooth
layer-by-layer growth mode - called Van der Merwe growth mode [37] - each monolayer is
completed; the second layer only starts once all the vacant atom site positions are filled.
Opposite to this 2D growth is a three dimensional (3D) growth, called Volmer-Weber growth
mode [38]. A naive view is that the space between the initial islands is not filled up and new
islands nucleate on top of the existing ones. A third intermediate growth mode is called
Stranski-Krastanow growth mode [39, 40]. it starts with a 2D growth and - e.g. due to strain
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Van der Merwe Stranski-Krastanow Volmer-Weber
Figure 1.6: Schematic representations of the different growth modes: (a) Van der Merwe, (b)
Stranski-Krastanow and (c) Volmer-Weber.
- continues with a 3D growth. A schematic representation of these three growth modes is
displayed in Fig. 1.6. One thing to note is that the distance between the (initial) nucleated
island will depend on the growth conditions (mainly the diffusion length), as well as on the
growth rate (Vg r ), as it affects the mean free path that particles have on the surface.
On vicinal offcut surfaces, either intentionally or originating from interaction with defects,
the nucleation is affected. Burton, Cabrera and Frank showed that under these conditions,
the nucleation preferentially takes place at the step-edges [41]. This growth mode is called
step-flow growth mode and will be discussed in more depth the beginning of chapter 2. It
should be pointed out that the step-flow growth mode is a kind of one dimensional (1D)
growth due to lateral growth of the step-edges. Furthermore, it should also be mentioned that
this growth mode is only valid for a sufficient diffusion length: for all adatoms to reach the
step-edges, their diffusion length should be at least half the step width. When the diffusion
length is reduced, the nucleation at the step-edges is accompanied by a nucleation on the
steps, leading to a transition to a 2D nucleation.
(a) (b)
Impurity
Vacancy
Impurity
Intersticial
Impurity
Figure 1.7: Schematic representation of (a) the different types of point defects (vacancies,
interstitials and foreign atoms (impurities)), and (b) a screw dislocation.
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Figure 1.8: (a) 2 x 2 µm2 AFM image and (b) SEM image (top view) of the surface of a GaN
layer, displaying typical defects. In (a) dislocations are visible as black spots, while in (b) V-pits
with well-resolved facets are observed.
1.2.2 Point defects and dislocations
In most cases, the crystal is locally disturbed by defects, from zero dimensional (0D) defects to
3D ones:
0D defects, the so-called point defects, represent defects of single atoms in the crystal lattice.
This can be either a missing atom, called a vacancy, or an atom sitting between the normal
lattice sites, called an interstitial, or a replacement of an atom with a different type, called
an impurity (substitutional); impurities can also be on interstitial positions. If an impurity
is introduced deliberately, it is called a dopant. Usually Si is used as a dopant to achieve
n-type conductivity, while magnesium (Mg) is used to for hole conductivity [7]. The different
types of point defects are schematically displayed in Fig. 1.7 (a). Note that it is very difficult
to directly access their density. Two techniques, namely positron annihilation spectroscopy
(PAS) and optical detected magnetic resonance (ODMR) can measure some kind of point
defects (negatively charged ones for PAS and magnetic ones for ODMR). Otherwise, only
indirect measurements are possible when the point defect density is low. For higher densities
of impurities, tools like secondary ion mass spectroscopy can also be used.
1D defects refer to crystallographic defects such as screw, edge or mixed dislocations (a com-
bination of both). Screw dislocations - schematically displayed in Fig. 1.7 (b) - are dislocations
with an upwards pointing burger vector [42, 43]. They can pin steps and lead to the appearance
of a growth spiral, as first described by Frank et al. [43]. Such a spiral is often observed in
III-nitrides layers [44], as their screw-type dislocation density is usually very high.
Stacking faults or stack order faults are 2D defect types. They can be observed by transmission
electron microscopy (TEM) or high resolution TEM (HR-TEM). This kind of defect does not
play a major role for c-plane GaN but impacts the growth morphology of m-plane surfaces.
For more information the reader is referred to [45].
The last major type of defects are 3D defects, such as V-pits [46] or trenches [47]. These macro
defects can be seen by atomic force microscopy (AFM) or scanning electron microscopy (SEM),
as exemplified in Fig. 1.8. They are not strictly seen intrinsic defects as the are generally
induced by threading dislocations. The center of the pit is usually a threading dislocation and
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its sidewalls are well-defined facets [46]. Such defects play no further role in the presented
investigations, but it was proposed that the different facets of such a V-pit could affect the
device structure grown on top (resulting in thinner layers on the sides of the pit) [46].
In general, crystal defects can be non-radiative recombination centers. While the relative
defect-insensitivity (compared to other semiconductors) of InGaN-based devices is still a
major question, defects still play an important role. Their number needs to be minimized to
achieve the best device performance, although it was proposed that some kind of topological
defects could help by screening non-radiative recombination centers [46]. As a consequence,
high performance devices, such as LDs, are normally grown on FS GaN substrates with a low
dislocation density (< 107cm−2).
1.2.3 Alloy disorder
One important point to mention here is the homogeneity of a ternary alloy. The distribution
of the different atoms in the alloy leads to statistical fluctuations. In addition, for the case of
InGaN, miscibility gap is often mentioned as a source of problems [48]. Instead of a homoge-
neous indium distribution, composition fluctuations are often observed in InGaN alloys. The
formation of InN-rich clusters observed in InGaN LEDs was proposed by O’Donnell et al. to
be responsible for the high efficiency of the LEDs [49]. Indeed, 3D atom probe maps of the
indium distribution in c-plane InGaN quantum wells have confirmed such fluctuations over a
large composition range [50, 51, 52]. Fluctuations were also observed by HR-TEM and well-
separated sharp emission lines appear in micro photoluminescence spectra [53], indicating
different emission centers, in agreement with the carrier localization in potential fluctuations.
Furthermore, it was recently discussed that local variation in the surface morphology can
affect the local indium incorporation as well [54].
Together, these effects indicate that the indium distribution in a ternary alloy can not be as-
sumed to be homogeneous, but should often exhibit local variations and indium-rich clusters.
Note that holes could be bound to local In-N-In chain structures [55].
1.2.4 Interfaces, heterostructures and their applications
Heterostructures exhibit interfaces and their properties strongly affect the whole structure.
InGaN LEDs and LDs are based on a sandwich-type structure made of GaN/InGaN/GaN
layers, where the difference in bandgap creates a quantum well (QW) structure, the so-called
InGaN QW. The smaller bandgap of the InGaN layer leads to a trapping of the holes and
electrons from the valence and conduction band, respectively; the recombination of the
excitons (electron-hole pairs) takes place in the InGaN QWs, as schematically displayed in Fig.
1.9 (a). The confinement leads to the quantification of the energy states in the QW. Usually
the recombination occurs between the ground state in the QW conduction band and the
heavy hole in the valence band. As changing the QW thickness affects this confinement,
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Figure 1.9: Schematics of a single InGaN quantum well structure (a) without and (b) with of
the effect of the internal electric field.
the emission wavelength changes. On the other side, the above mentioned piezoelectric
and spontaneous polarizations are important for polar structures. Indeed, the polarization
discontinuity at the interfaces leads to building of surface charges, which create an electric
field in the QWs. This results in a band-bending, which is thickness dependent and leads
to a red-shift of the emission wavelength, but also to a strong reduction in the overlap of
the electron and hole wavefunctions (see Fig. 1.9 (b)). The reduced overlap strongly lowers
the radiative-recombination probability and thus strongly affects the efficiency. While the
red-shift allows one to reach longer wavelength with a lower indium content, the reduced
efficiency is detrimental to device performance. For efficient polar devices, only thin QWs
should thus be used.
Another important characteristic of interfaces is their morphology, i.e. “rough” or “smooth”,
“sharp” or “graded”. It is worth to mention that qualifying an interface as “smooth” or “rough”
depends on the length-scale of the observation: an interface can be rough on a large scale
while simultaneously smooth on a small scale. The definition of “rough” interfaces is actually
quite complex. It also depends on the exciton Bohr radius and wavelength extension [56]. In
fact, smooth interfaces and indium composition homogeneity are especially important for
LDs to avoid gain dilution. However, QW thickness variations can have other implications:
while it was proposed that holes could be localized on In-N-In bounds, it was also pointed out
that electrons could be localized due to QW thickness variations (in thicker areas) [55]. Such
phenomena have been proposed as the main mechanism responsible for the high efficiency
of LEDs despite the large defect density.
1.3 Experimental techniques
III-nitride based heterostructures are commonly grown by two main epitaxial growth tech-
niques. Metal organic vapor phase epitaxy (MOVPE) is used both in research and industry, as
it allows a reliable fabrication of high efficiency optoelectronic devices. The second technique,
molecular beam epitaxy (MBE), is mainly used for research. Optoelectronic devices fabricated
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by MBE have not reached the performance demonstrated by their MOVPE counterparts yet.
However, promising results have been published recently [57, 58]. Other techniques are used
to grow III-nitrides, notably hydride vapor phase epitaxy (HVPE), which is commonly used to
make bulk layers, but also sputtering or bulk crystal growth techniques (e.g. ammonothermal
growth [59]). These techniques will not be treated here, as all the layers or devices presented
in the thesis were fabricated by MOVPE or MBE.
1.3.1 Metal organic vapor phase epitaxy
Figure 1.10: Photo of the horizontal Aixtron 200 MOVPE reactor used in this work.
MOVPE is the tool of choice for the production of nitride based devices. The horizontal Aixtron
reactor, displayed in Fig. 1.10, was used for most investigated samples. It allows growth of one
2" wafer at a time. While enough for research, larger production reactors can handle over 90 x
2" wafers at a time.
MOVPE is a chemical vapor deposition process (frequently called metal organic chemical
vapor deposition (MOCVD) too). Gases are injected into the reactor, where the deposition
takes place on a heated substrate. Two kinds of gases are used: i) carrier gases to transport
the reaction gases to the reaction zone and provide the environment (e.g. pressure) in the
reactor. Usually, hydrogen (H2), nitrogen (N2) or a mixture of both is used; ii) the reaction
gases or reagents, which can be divided into two groups: ammonia (NH3) decomposes at the
growth front to provide nitrogen, and group-III elements are supplied in form of metalorganics.
Trimethylindium (TMIn - In(CH3)3) for indium, trimethylaluminum (TMAl - Al(CH3)3) for
aluminum and for gallium either trimethylgallium (TMGa - Ga(CH3)3) or triethylgallium
(TEGa - Ga(C2H5)3) are used. Dopants or other group-III elements are provided similarly.
Those metalorganics are transported with the carrier gases into the reaction chamber. To
make it simple, there are three different zones in the reaction chamber: the area far away
from the crystal surface, the surface of the crystal and a boundary region where reactions and
mass-transport of the reagents plays an important role, as schematically displayed in Fig. 1.11.
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Figure 1.11: Schematic representation of the effects that play a role at the growth front for
MOVPE, with a focus on gas reactions.
Table 1.3: standard MOVPE growth conditions used in this work.
Layer Tg r Carrier gas Metalorganic(s) V/III ratio
Buffer layer 1050◦ C H2 TMGa 560
LT GaN 840◦ C N2 TEGa 4400
QW between 725◦ C and 840◦ C N2 TEGa and TMIn 1170-7531
The standard MOVPE growth conditions that will be used for this work are presented in Tab.
1.3; if a layer is grown under different parameters, the changes will be mentioned in the text.
Note that below each investigated layer or structure, grown on FS GaN or on sapphire, a
GaN buffer layer of at least one micron thickness is deposited. The low temperature (LT)
GaN studied in the second chapter is grown under barrier conditions with nitrogen. Indeed,
hydrogen must be discarded to achieve high In content InGaN alloys.
1.3.2 Molecular beam epitaxy
Figure 1.12: Photo of the Riber compact 21 MBE reactor used in this work.
MBE is a physical deposition process that takes place in ultra-high vacuum, which is suitable
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Table 1.4: Standard MBE growth conditions used in the work.
Layer Tg r N source Flux Mode
Buffer layer 800◦ C NH3 100 sccm N-rich
HT PAMBE GaN 790◦ C N-plasma ≈1 sccm (400W) N-rich
InGaN QW 550◦ C NH3 490 sccm N-limited
InGaN QW 550◦ C NH3 + N-plasma 300 sccm + 1 sccm (360W) N-rich
to avoid impurity incorporation. Molecular beams of group-III elements and dopants are shot
from Knudsen cells towards the substrate heated at the growth temperature (Tg r ). Two nitro-
gen sources are commonly used: ammonia (NH3-MBE), or, alternatively, a radio-frequency
plasma that cracks nitrogen molecules (N2) directly. The latter is called plasma-assisted MBE
(PAMBE). The MBE system used in this study is a Riber compact 21, equipped with both
nitrogen sources, NH3 and N-plasma (Fig. 1.12). A schematic of an MBE system is displayed in
Fig. 1.13. As for MOVPE, in situ laser reflectivity is used routinely to monitor in real-time the
growth rate of the layers. Additionally, the ultra high vacuum environment allows the use of
both reflection high-energy electron diffraction (RHEED) and quadrupole mass spectroscopy
(QMS). These techniques will be described in the following part.
The different nitrogen sources have implications on the growth. First, while NH3-MBE implies
nitrogen-rich conditions, the standard conditions for PAMBE are metal-rich. In fact, PAMBE
usually requires a bilayer of metal at the growth front to achieve 2D c-plane GaN layers [60].
Second, the growth rate is higher for NH3-MBE than for PAMBE (about 1 µm/h compared to
about 0.3 µm/h). Third, the cracking of NH3 provides hydrogen for NH3-MBE growth (NH3 is
split into (active) nitrogen and hydrogen), which can help with defect passivation [61]. Fourth,
NH3-MBE allows to grow good p-type layers at relatively low growth temperature [62, 63].
The standard growth conditions used for MBE samples in this work are presented in Tab 1.4;
deviations from these parameters will be mentioned in the text.
One thing to note is that although MBE is very common in the classical III-V semiconductor
technology, it is less used for the III-nitrides, which are mainly grown by MOVPE. There are
different key features between MOVPE and MBE, but pressure should be especially mentioned
here as it directly affects the net desorption rate of the materials. This is especially true for In.
1.3.3 In situ characterization tools
Three in situ tools have been used to investigate growing layers: reflectivity, RHEED and QMS.
Because it relies on the reflection of a laser beam, reflectivity can be easily implemented in
both MOVPE and MBE. The interference of the reflections from the different interfaces (the
top surface and e.g. the sapphire-GaN interface) leads to oscillations of the laser intensity, as
it depends on the optical path difference. As an example, a typical reflectivity measurement
recorded during MBE growth of GaN is presented in Fig. 1.14. With the red laser used in the
MBE setup, one period corresponds to 142 nm of GaN growth, and a growth rate of about 585
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Figure 1.14: Reflectivity measurements during MBE growth of GaN. One oscillation corre-
sponds to a layer thickness of 142 nm.
nm/h is obtained from Fig. 1.14. This means that this technique is very useful to measure the
thickness of thick layers, but can not be properly applied for thin layers. Nevertheless, it is the
standard tool to measure in situ the growth rate for MOVPE and NH3-MBE.
The second in situ tool is RHEED. The setup consists of an electron gun and a fluorescence
screen. The electrons from the source hit the sample surface at a grazing incidence angle,
where they are diffracted and reflected. As it is based on an electron beam, RHEED requires
high vacuum and therefore can not be used in an MOVPE environment. It is a very useful tool
for MBE, as it allows information about the growth mode, relaxation, growth rate, and alloy
composition. The RHEED pattern itself indicates if the growth is 2D (smooth streaks) or 3D
(spotty pattern), as displayed in Fig. 1.15. Measuring the evolution of the intensity of the spec-
ular beam over time allows one to determine the growth rate very precisely. Oscillations reveal
a layer-by-layer growth mode, where each maximum corresponds to a complete monolayer
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(a) (b)
Figure 1.15: RHEED patterns of a GaN layer grown at 800◦C. (a) streaks indicate smooth 2D
growth, and (b) a spotty pattern indicates 3D growth.
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Figure 1.16: Schematic representation of RHEED specular beam intensity oscillation principle:
The intensity of the reflected beam depends on the smoothness of the layer; it is maximal for
complete layers and minimal for half coverage. The diagram has been adapted from Neave et
al. [64].
(ML) [64], as schematically displayed in Fig. 1.16. Typical RHEED oscillations recorded for
GaN are displayed in Fig. 1.17. This can be used to control the thickness of a thin layer with a
very high precision. For ternary alloys, it is also possible to extract the alloy composition by
comparing Vg r of one of the two binary compounds to the one of the ternary, while keeping
the same individual metal fluxes. Note that this holds true as long as the sticking coefficient is
1.
A last in situ tool that also requires vacuum and is thus only used in MBE is QMS. While mass
spectrometry is common to analyze the composition of a given material, it is useful to measure
the background impurity levels in MBE. It can also probe the particles deflected or desorbed
from the sample and will be used to study the growth window for In-rich InGaN in part 3.3.1.
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1 ML
Figure 1.17: RHEED intensity oscillations for GaN. Each oscillation refers to one monolayer
growth.
1.3.4 Ex situ characterization tools
Ex situ tools were used to study the surface morphology, and the structural and optical
properties of the fabricated structures.
The surface morphology was investigated by AFM. For AFM measurements, an ultra-sharp
tip is scanning the surface. Height changes are read out by position changes of a reflected
laser spot. In this work, a Digital Instruments Nanoscope has been used in tapping mode,
meaning the changes on the oscillation of the cantilever on which the tip is located are probed.
Note that AFM is well known for its precise height measurements and allows to determine the
root mean square (rms) surface roughness. Nevertheless, in the images shown in this work, a
height bar is not displayed, as it is not necessary for the desired information (and keeping the
same height scale even can be misleading in some cases). Instead, the displayed height range
is adjusted to display the relevant surface morphology features.
The structural quality of the samples has been measured by X-ray diffraction (XRD), which
also allows to extract the material composition, as well as its structural quality. In addition,
XRD allows to measure the QW and barrier thickness. For more information about the XRD
technique and its application to the III-nitrides, the reader is referred to the review by Moram
et al. [65].
To investigate thin QWs in more detail, electron microscopy was carried out. SEM was available
at the Institute, while HR-TEM was carried out by Francesco Ivaldi and Dr. Slawomir Kret
of IFPAN, Warsaw (Poland) in the framework of the FP7 ITN Rainbow project. All HR-TEM
images shown in this work are by their courtesy, unless noted otherwise. At IFPAN, a spherical
aberration-corrected TEM (a FEI-titan) with a resolution down to 70 pm allowed both high-
resolution images of the QW region as well as electron energy loss spectroscopy (EELS). The
indium distribution in the QW, the QW interfaces and strain were then thoroughly investigated
(see [66] for more details on the technique).
The structural information about the QWs might be particularly meaningful if cross-checked
with their optical properties. Photoluminescence (PL) was used as the main tool to characterize
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Figure 1.18: Schematic representation of the PL setup. Note that calibrated attenuation density
filers on the detection side have been utilized to avoid saturating the charge-coupled device.
the emission from the QWs, while electroluminescence (EL) was used for LED characterization.
A schematic representation of the PL setup is shown in Fig. 1.18. PL usually excites charge
carriers in both the InGaN QW and the GaN barriers. It is also possible to probe only the QWs
when the excitation energy is lower than the GaN bandgap. In the latter case, the absorption
volume is limited to the QW and thus is very small. As a consequence, an excitation energy
above the GaN bandgap is used throughout this work, unless specified otherwise. Different
excitation powers have been utilized. This was achieved by either filters or for very high
excitation power by the use of a microscope objective which allows to focus the beam-radius
down to a less than 1µm2. This is the so-called micro-PL. In this work, temperature-dependent
PL was carried out between 10 K and 300 K, as it allows to study the influence of non-radiative
recombination centers. At RT, non-radiative channels play a major role, while at 10K, radiative
recombination dominates. This is linked to the different lifetimes of the recombination
processes. Time-resolved PL (TRPL) was also performed to gain additional information, using
a frequency-doubled picosecond-pulsed Ti:sapphire laser with a pulse picker and a streak
camera. These measurements were performed with Bernard Gil and Thierry Guillet in the
Laboratoire Charles Coulomb in Montpellier. Note that apart from the TRPL, all presented
measurements were performed with a continuous wave laser: most measurements were done
with a HeCd laser emitting at 325 nm (with a low excitation power of about 2 mW). To excite
below the GaN bandgap, a laser diode emitting at 375 nm was used, while a frequency-doubled
Ar laser (emitting at 244 nm) was used in combination with a microscope objective for very
high excitation power measurements (allowing power densities of over 105 W cm−2). To gain
more information about the lateral emission characteristics, fluorescence measurements were
performed at RT.
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2 The kinetic growth regime of GaN
GaN and other III-nitrides are commonly grown on vicinal surfaces, where steps-edges provide
preferential nucleation sites. The growth parameters of GaN have been optimized to achieve
step-flow growth growth mode, which leads to smooth surface morphologies. However, this
growth mode may become unstable in the presence of an Ehrlich-Schwöbel barrier (ESB).
Especially under out of equilibrium conditions, which is usually the case for the active region
of the devices (e.g. for indium-rich InGaN layers and the barriers surrounding them), kinetic
effects govern the growth morphology. This may lead to various surface morphologies which
can strongly affect the light emission characteristic of the devices.
In this chapter, the theory of the ESB and its effect on the surface morphology is presented
first. Based on other materials systems, it is adapted to the nitride materials. Then, the surface
features observed for GaN grown under kinetic conditions by both MOVPE and MBE will be
described and correlated to an uphill masscurrent induced by the ESB. After discussing the
origin of the surface morphology features, the parameters that control the surface kinetics
are investigated. Finally, the effect of the surface morphology on device performance will be
analyzed.
2.1 The classical step flow growth mode
The growth on vicinal offcut surfaces was first described by Burton, Cabrera and Frank in the
50’s [41]. First, the terms that will be used more in the following are briefly defined, as different
authors use them differently (and the one adapted here is different from the terrace-step-kink
terminology used by Burton et al. [41]): a step (or terrace) is the flat surface part of a staircase
morphology (on vicinal offcut surface); the edge between two steps is called step-edge (Burton
et al. calls this the step). Along a step-edge a kink can be found. An overview of the surface
processes at the growth front is displayed in Fig. 2.1. Instead of completing a full layer, a
preferred nucleation takes place at the step-edges. To be more precise, particles adsorbed on
the surface (A) diffuse on the steps (B) and attach to the step-edges (C). There, they may diffuse
along the step-edge (D) and incorporate at a kink (E). In this process, the step-edges grow
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Figure 2.1: Processes at the growth front with adsorption (A), diffusion on a step (B), at-
tachment to a step-edge (C), diffusion along the step-edge (D), attachment to a kink on the
step-edge (E) and desorption (F). (G) displays the asymmetric barrier at the step-edge.
(a) (b)
Figure 2.2: Step flow growth mode with (a) incorporation at step-edges and kinks, which lead
to (b) a smooth growth which conserves the staircase step morphology.
outwards, leading to the formation of a smooth layer while conserving the step-morphology,
as schematically described in Fig. 2.2. For this growth mode, the diffusion length necessary
for all particles to reach the step-edges is half the step width (when no ESB is present). Fig.
2.3 shows the typical surface of GaN grown in this step-flow mode. GaN layers deposited by
MOVPE above 1000◦C with H2 as carrier gas usually exhibit a staircase morphology that is
typical for step-flow growth. The offcut angle of both substrates used in this work is between
0.3◦ - 0.6◦ towards a or m direction. In Fig. 2.3, the influence of the substrate (FS GaN vs
sapphire), and hence the effect of dislocations on the growth mode, is compared. The surface
morphology of the high temperature (HT) GaN grown on FS GaN is much more homogeneous
and regular than for the sample grown on sapphire, where the steps are more disordered. This
is a consequence of a higher dislocation density. Regarding the offcut angle and direction, it
should be mentioned that for the FS GaN substrate, the offcut was prepared on purpose ex
situ by surface polishing. It is thus homogeneous and well-oriented along a certain direction.
This produces a well ordered surface with constant step-edge spacing (Fig. 2.3 (a) and (b)). On
the other hand, GaN grown on sapphire exhibit a similar but less regular staircase morphology
(Fig. 2.3 (c) and (d)).
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Figure 2.3: 10 x 10 and 2 x 2 µm2 AFM images of normal HT GaN grown on (a)-(b) FS GaN and
(c)-(d) sapphire.
The role of the dislocations on the step-flow mode needs to be discussed in more detail.
Indeed, as Frank suggested [43], a pinned step will form when a threading dislocation with a
screw component intersects the surface: the pinning of the step causes a surface displacement
equal to the Burger vector normal to the surface, which manifests in steps connecting two
dislocations of opposite sign. Thus, dislocation pinning affects the evolution of the steps
during growth. One of the effects can be the emergence of spiral growth. When the radius of
the curvature of the pinned step is small, a spiral can wind up around the screw dislocation
[43]. Both, spirals and pinned steps can be observed in GaN grown on sapphire [44]. Because
of their very low dislocation density (< 107 cm−2) FS GaN substrates are good candidates to
obtain surface morphologies free of dislocation pinning.
2.2 The Ehrlich-Schwöbel barrier
In this part, the theoretical impact of a step-edge barrier energy asymmetry on the growth
modes is reviewed and its effect on the micro- and macrostructure of a crystal discussed. As
only the details relevant for interpreting the following investigation of GaN are treated in detail,
the reader is referred to the review of Misbah et al. (Crystal surfaces in and out of equilibrium:
A modern view)[67] for a more general overview about growth theory.
2.2.1 Basics of the Ehrlich-Schwöbel barrier and its impact on the surface mor-
phology
In the description of the classical step-flow growth mode, it is assumed that the growth rate
of each step-edge is identical and that the probabilities of attachment to a step-edge from
the upper or the lower step are equal. However, this classical model needs to be modified to
account for an asymmetric probability of attachment from the upper with respect to the lower
step. This is the so-called Ehrlich-Schwöbel barrier (ES barrier or ESB) or step-edge barrier.
This asymmetry was first observed by Ehrlich and Hudda for tungsten [68] and theoretically
treated by Schwöbel and Shipsey in 1966 [69].
21
Chapter 2. The kinetic growth regime of GaN
From a microscopic point of view, the ESB corresponds to the case of adatoms, that arrive
at a step-edge from the upper step, have to overcome a barrier to attach to the step-edge, as
schematically presented in Fig. 2.4. Ehrlich and Hudda observed that atoms were preferen-
tially reflected back on a (downwards) step-edge and explained this by a decrease in binding
energy originating from reduced neighbor atoms at the step-edge [68]. A similar model was
described by Schwöbel and Shipsey at the same time [69, 70]. This situation is of course
different for adatoms arriving to the step-edge from the lower step. Thus the probability of
attachment is asymmetric. In general, the ESB can be referred to this kind of asymmetry,
and since the configuration of the dangling bonds should also play a role, its strength should
depend on the crystallographic orientation. This asymmetry should exist for most materials
systems, but should impact the growth only if the barrier height is large enough to create a
profound asymmetry in the attachment probability. This of course should depend on the
strength of the ESB and the growth conditions used, as for very high Tg r adatoms can have
enough energy to easily pass over the ESB. There are thus two factors that should be taken
into account: the ESB itself (meaning the different probability of attachment), and the growth
conditions.
From a macroscopic point of view, the presence of an ESB has a major impact on the growth
regimes and the observed morphologies. At elevated temperatures (as used for the GaN layer
displayed in Fig. 2.3), the relative strength of the ESB is weak compared to the energy of the
adatoms and one does therefore not expect nor observe a strong impact of the ESB. However,
while its effects can be avoided at high temperatures, most materials systems are affected by
the ESB effects when they are grown at lower temperatures. This needs to be explained in
more detail:
Per se, the presence of an ESB changes the conditions of the step-flow regime. Assuming
a high ESB for which the probability of attachment from the upper step can be neglected,
the diffusion length needed for all adsorbed adatoms to reach a step-edge is the step width.
Without an ESB the necessary diffusion length is half the step width (and for a non-infinitely
high ESB, this statistical value lays between the two extrema). This means that the change from
a 1D nucleation (step-flow growth) to a 2D one (e.g. layer-by-layer or island growth) happens
at a higher diffusion length over step width ratio in the presence of an ESB, as schematically
displayed in Fig. 2.5.
This is however only a partial view of the effect of the ESB on the surface morphology and on
the growth mode. The major effect is this: the presence of an ESB makes the growth unstable
against any kind of (temporary/local) perturbation [67]. Local variations enhance themselves
and get stabilized, which leads to a modification of the starting surface. The growth mode
becomes unstable and macroscopic surface features appear. There are three types of ESB-
induced surface morphologies that have been observed in other materials systems during
homoepitaxy: hillocks, fingers (or step-meandering), and step-bunching [67].
The case of the hillocks was first described by Villain [71], who argued that the growth mor-
phology becomes unstable with an ESB. Hillock growth takes place for flat surfaces or surfaces
22
2.2. The Ehrlich-Schwöbel barrier
(a) (b)
Figure 2.4: Attachment to step-edges (a) without and (b) with an ESB.
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Figure 2.5: The effect of the ESB on the 1D to 2D growth mode transition is displayed in the
diffusion length over step-width plot.
with a low offcut angle. As displayed schematically in Fig. 2.6, 2D island nucleate first due
to random fluctuations. When an ESB is present, the material is incorporated on the upper
step-edge, which has two implications: first, the islands grow outwards until a new nucleation
can take place on top. When this happens, the newly nucleated islands then grow outwards
again until a new island can nucleate on top (and this process continues). Second, as no
down-diffusion takes place, only the material that arrives between the islands can feed the
lowest step-edge and only the material that arrives on a step can grow the step-edge above.
As a consequence, closing the gap between islands and completing a layer is difficult, so
layer-by-layer growth can no longer be maintained. Instead, islands appear: as the amount of
material arriving to a step-edge depends on the size the step below, the width of a step is not
necessary maintained during growth. In fact, larger steps lead to faster lateral growth rates of
the upper step-edge and thus shrink if the step below is smaller. At the same time, the width of
the step above is increased. As the lowest steps are limited strongly in size (due to having only
(b)(a)
Figure 2.6: (a) A small island acts as nucleation core which (b) evolves by attachment from the
lower steps until a new nucleation takes place on the top.
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Figure 2.7: STM images of the early growth stages of Pt(111), taken from Krug [76].
a small amount of material), the outwards (i.e. lower) steps shrink and the ones on top grow
during the layer growth. Thus the step size and the growth rate of the step-edge are transfered
upwards. This process was interpreted by Villain as an uphill masscurrent [71]. Effectively,
the lower and more outwards steps grow slower, causing the hill to grow [67, 71, 72, 73]. As a
result, it leads to the formation of a landscape of self-assembled islands, where the distance
between the islands is related to the effective diffusion length. Such a morphology is likely
to be found on flat surfaces. It can also appear for rather large steps (low offcut), where the
presence of an ESB shifts the 1D to 2D transition (see Fig. 2.5), thus enabling island nucleation
and subsequently hillock formation, as described above. This kind of morphology can be
observed for many materials systems, e.g. for low temperature Ge [74] or Si [75]. An example of
such a morphology is given in Fig. 2.7, which displays scanning tunneling microscopy (STM)
scans of Pt(111) [76].
It should be pointed out here that in a real system, eventually a layer will coalesce where the
most outwards steps of the islands meet. However, as the downwards diffusion is limited, it is
possible that defects may form at these borders due to diffusion issues. Furthermore, another
point to consider is faceting, which has been neglected so far. It is possible that the downwards
diffusion could be changed when a certain facet is reached at the edge of the islands. Such a
facet could potentially stabilize or even lead to a different incorporation (e.g. of impurities).
To understand the hillock formation in more detail, and to distinguish the other ESB-induced
morphologies, the formalism from Krug is introduced [76]. Following his notations, the net
masscurrent is defined as j(∇h), with ∇h the local slope. Assuming that j(∇h) is isotropic in
the reference plane, the current can be expressed as
j(∇h)= f (|∇h|2)∇h. (2.1)
If f > 0, the current points uphill. The average height is deposited at growth rate F; the current j
modulates the growth surface without changing the volume of the layer, redistributing the
mass. This implies a conservation type of the continuum equation:
∂h
∂t
=−∇· j+F (2.2)
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(a) (b)
Figure 2.8: STM images of step-meandering on (a) Cu(1,1,17) and (b) Cu(0,2,24) surfaces,
taken from Maroutian et al. [77].
Assuming a flat surface, the ansatz h(r, t )= Ft +²(r, t ) gives
∂²
∂t
=− f (0)∇2², (2.3)
with− f (0) the diffusion coefficient. The partial differential equation can be solved by a Fourier
transformation. Putting a perturbation of wavevector q , given by
²(r, t )= ²0 expi q·r+ω(qt ) (2.4)
into Eq. 2.3 yields the growth rate of the perturbation ω(q)= f (0) ∣∣q∣∣2. This indicates that the
flat morphology is unstable, as the perturbation grows when f (0)> 0. In turn, this shows that
an uphill current, caused by the ESB, induces the formation of mounds on the growing surface.
More detailed information on the background and the mathematical treatment can be found
in the reviews from Misbah et al. [67] or Politi et al. [73], or in the book chapter from Krug [76].
Considering a vicinal surface, not only hillocks or mounds can be observed for low offcut
angles, but also a finger-like morphology (often called step-meandering). This morphology
appears for surfaces with smaller steps compared to the hillocks. Many materials systems
exhibit such a pattern, especially metals, e.g. Cu [77] (see Fig. 2.8), Si [78, 79, 80], but also
SrRuO3 on SrTiO3 [81].
Step-meandering was first predicted by Bales and Zangwill [82] and while it is sometimes called
Bales-Zangwill instability, more recent investigations hint that the origin of the finger-like
pattern observed for Cu is due to a slightly different mechanism, which will be described later
in part 2.2.2. Consequently, the more descriptive terms step-meandering or finger formation
will be used in this work. Coming back to the notation proposed by Krug [76], Eq. 2.3 can be
generalized for a tilt m along the x-axis (with m= (m,0)):
∂²
∂t
= ν‖ ∂
2²
∂x2
+ν⊥ ∂
2²
∂y2
, (2.5)
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(i)
(ii)
(a) (b)
Figure 2.9: Two schematics for an ESB induced morphology displaying the top view of a step.
(a) Mass transport to a step-edge which leads to variation in the local growth rate between the
valleys and the hills and thus to step-meandering: (i) for single adatoms and (ii) generalized for
a strip feeding an element on the step-edge. (b) Options for mass transport at an step-edge: (1)
along the step-edge, (2) via the step and (3) via desorption and adsorption. Both schematics
have been taken from Misbah et al. [67].
where the coefficients parallel and perpendicular to the offcut direction are given by [76]:
ν‖ =−[ f (m2)+2 f ′(m2)m2]=−d j /dm ν⊥ =− f (m2)=− j (m)/m, (2.6)
with j(m) the 1D version of Eq. 2.1. The growth rate of the perturbation is now ω(q) =
−ν‖q2x −ν⊥q2y . When the perturbation perpendicular to the step becomes amplified (ν⊥ < 0),
the steps become wavy and undergo a growth instability leading to meandering. As the steps
cannot cross, the meander need to be deformed in phase with each other. The arriving mass
flow thus further feeds the meander with a different lateral growth rate of the step-edge [76, 67].
This is indicated in the schematics in Fig. 2.9 [67], which displays the transport at an step-edge
and the mass transport to the step-edge.
Finally, the third feature induced by the ESB is the formation of step-bunching, also observed
in many materials systems. In that case, the uniform width of the initial steps becomes
modulated and the surface separates into regions with a high step density (bunches) and wide
steps (macro steps). This effect is likely to happen if the perturbation parallel to the steps is
amplified, i.e. ν‖ < 0. While step-bunching will not be discussed here, further information can
be found in the above mentioned book chapter [76] and review [67]. A schematical overview
taken from Misbah et al. [67] shows the different mass transport regimes that lead to the three
observed kinetic morphologies (Fig. 2.10).
It needs to be pointed out that there can also be stabilizing processes that can counter the
uphill masscurrent induced by an ESB, and thus reduce the effect of the ESB on the morphology.
There are basically two possibilities: the asymmetry of attachment itself can be alleviated, e.g.
by providing a second diffusion channel where adatoms do not encounter an ESB (see part
2.5.2), or the ESB-induced uphill masscurrent can be reduced. The latter needs to be discussed
in more detail. In Fig. 2.9 (b) the mass transport options at a step-edge were presented. The
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(a) (b) (c)
Figure 2.10: Three schematics for an ESB induced morphology displaying the surface mass
fluxes which destabilize a surface (lateral view): (a) mound formation by uphill massflow, (b)
step-bunching by slope-dependent variations in mass flux, and (c) step-meandering induced
by an 2D uphill mass flow. The schematics have been taken from Misbah et al. [67].
massflow is intendedly facing “downhill” (an ESB-induced one would be “uphill”), as it will
be used to highlight mass transport that counteracts the one induced by the ESB. Different
possibilities exist for adatoms to move from one position on the step-edge to another. In Fig.
2.9 (b(1)) the mass transport along a step-edge via step-edge diffusion is displayed. In Fig. 2.9
(b(2)) the mass transport takes place via the step. In Fig. 2.9 (b3) the mass transport proceeds
via desorption and adsorption. Such a “downhill” diffusion as shown in Fig. 2.9 (b) can be
induced by line tension [67], sublimating atoms from the step-edge and leading to a straight
step-edge. More information can be found in reference [67][p. 991 et seq.]. The desorption
can be also higher for atoms on a step-edge part with a higher curvature, leading to a similar
result. Both processes have in common that they should be enhanced for higher temperature
and that they should play a stronger role when the impinging flux (and thus the growth rate) is
low: at a high Vg r their contribution can probably be neglected; however, if they are present,
the uphill masscurrent induced by an ESB could be canceled at low Vg r , which could lead to a
vanishing of the kinetic morphologies despite the presence of the asymmetry.
2.2.2 Growth rate dependency and kink vs step effect
Meanders will appear on a vicinal surface in the presence of a perturbation (e.g. step width
or massflow variation) and if the strength of the ESB is high in regard to the energy of the
diffusing particles. Step-meandering thus takes place if the growth is still in an unstable 1D
growth regime. If the diffusion length is too low, a transition to a 2D regime occurs and hillocks
form. Indeed, if the particles encounter other adatoms before they can reach the step-edge,
they can start to form an island, which acts as nucleation point for hillock or finger formation.
Therefore, the width of the steps needs to be small compared to the island spacing on a flat
surface to avoid mound formation. Note that the ESB-induced morphology is Vg r dependent,
which will be discussed in more detail later on.
Here, it should be pointed out that there are two types of ESBs: the case described so far
is called step Ehrlich-Schwöbel effect (SESE). This is a 2D effect, as the asymmetry is at a
step-edge. The other is the 1D kink Ehrlich-Schwöbel effect (KESE), where the ESB is at a kink:
the particles attached to a step-edge diffuse along it until they find a kink to incorporate. 1D
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Figure 2.11: The effect of a 1D ESB (KESE) on the morphology: mound formation along a
step-edge finally results in a finger morphology.
bumps or hillocks along the step-edge can lead to a mound formation if an ESB exists there -
a 1D case of the hillock formation described by Villain (see the inset of Fig. 2.1) - which will
result also in a step-meandering morphology, as schematically displayed in Fig. 2.11. Note
that higher Vg r can also lead to an enhanced 1D island formation on the step-edges, similar to
the 2D case. Most of the time, both ESBs should be present. However, simulations suggest
that in this case, the KESE should be dominant unless the SESE barrier height is very high
[83, 84, 85, 67]. It should be mentioned that some authors also distinguish a 3D ESB [86, 87].
A 3D ESB has been defined as an ESB at a macro step with a step height of 4 ML or more.
However, in this work, macro steps are discarded and the focus will be on normal steps (where
the step-edges are of single or double ML height), as GaN can exhibit both single and double
step-edges. The single and double step-edges difference plays a role when screening the ESB
(see part 2.5.2).
Nevertheless, there is a difference between the 1D and the 2D ESBs: while both, the SESE
and the KESE, can lead to the same morphologies, the scaling of the lateral feature size (the
periodicity) λwith the growth rate Vg r is expected to be different between the two. The scaling
of the periodicity is given by the following equation:
λ∝Vg r−β, (2.7)
with β the scaling factor. In the case of a SESE, β is expected to be ∼ 0.5 [83, 88], while for
a KESE, β should be ∼ 0.25 [83, 89]. These values have been obtained by simulations for
step-meandering in cubic systems. Thus a comparison of the scaling factors with Vg r should
allow to distinguish which of the two possibilities is more likely to be responsible for the
observed step-meandering features. As mentioned above, the finger morphology of Cu has
been attributed to a KESE [83, 76].
Several groups have performed simulations for the evolution of the morphology in the pres-
ence of an ESB [67, 90, 91]. In particular, Vladimirova et al. carried out kinetic Monte Carlo
simulation (KMC) for growth of a cubic material with an ESB and for a broad range of con-
ditions [91]. The calculated growth diagram is displayed in Fig. 2.12. It can be seen that the
28
2.2. The Ehrlich-Schwöbel barrier
Figure 2.12: Growth diagram from simulation of the growth of a cubic material with an ESB
(taken from Vladimirova et al. [91]). The x-axis displays the diffusion length over step-width
ratio, ranging from flat morphology to a morphology where the diffusion length is equal to the
step-width. The y-axis corresponds the arriving mass flux and thus the Vg r on a logarithmical
scale. Triangles stand for mounding, squares for step-bunching followed by mounding, circles
for step-bunching, and diamonds for step-meandering.
type of morphology (hillocks, finger or step-bunching) depends strongly on both Vg r and the
ratio of the diffusion length over the step width. When the diffusion length is increased (e.g.
by increasing the growth temperature), a transition from mound (or hillock) morphology to
finger regime is expected. In addition, a transition to the classical step-flow mode should take
place for high Tg r . A similar transition is also expected when reducing Vg r , as the effective
diffusion length is enhanced, and smoothening effects could occur [67]. The suggested scaling
factors and transitions will be compared to the experimental results in part 2.5 and to KMC
simulations applied for an hexagonal system in part 2.4. A diagram of the experimental growth
regime will be presented later (part 2.5.1). Note that in the III-nitride system, most of the
growth conditions are at the right hand side of the growth diagram displayed in Fig. 2.12.
Finally, while the ESB height depends on the bonding strength at the surface, it has to be
compared to the energy of the adsorbed particles. Especially at elevated temperatures, the
particles have enough energy to be only slightly affected by the ESB. Lowering the temper-
ature, the probability of attachment to the lower step-edge starts reducing, with respect to
the upper step-edge. It eventually blocks the downwards diffusion at very low Tg r . Note that
the relative strength of the ESB is materials system dependent (Ge exhibits an ESB-induced
hillock formation when grown below 170◦C [74, 92, 93]) and can be expected to be high for the
III-nitrides, as they are generally grown at high temperature.
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2.3 The different kinetic morphologies of GaN
Recently, an ESB has been evidenced for GaN by STM investigation of a sub-monolayer
growth at very low Tg r [94]. However, the authors studied only the changes in nucleation
and microstructure and did not follow up on the implications of the ESB on the morphology.
In the following, the GaN morphology grown under kinetic conditions with all three growth
techniques, MOVPE, NH3-MBE, and PAMBE, will be addressed.
The GaN morphology on vicinal surfaces results from four regimes. Those four regimes are:
the classical step-flow regime and the kinetic dominated hillock, step-meandering, and step-
bunching regimes. They can be observed for layers grown by both MOVPE and MBE for certain
growth conditions. Indeed, it will be shown here that the different morphologies previously
reported for the different growth techniques are mainly due to their standard growth windows.
It should be mentioned that in principle there is also the 2D layer-by-layer growth, which will
be always dominated by the ESB-induced hillocks.
First, the case of ESB-induced hillock growth is presented. Then the focus will be on the
step-meandering regime. The third regime, step-bunching, will be only treated briefly before
the effects of the kinetic growth conditions on the material quality are analyzed. At the end of
this part, a quick outlook of the morphologies observed for other III-nitrides will be given.
2.3.1 Hillock or mound morphology
Hexagonal hillock morphology is the surface morphology commonly reported for NH3-MBE
GaN [95, 96, 97]. A typical example of such a morphology is displayed in Fig. 2.13. This
morphology is observed for a broad range of NH3 and Ga fluxes. Vezian et al. attributed the
hillocks to kinetic roughening [95]. However, it needs to be mentioned that they referred to
kinetic roughening as described by Johnson et al.[98], who attributed the mound formation
to an ESB as discussed by Villain [71], without including the formation of meanders. Very
recently, Corrion et al. suggested that this morphology might be due to an ESB [96]. In case of
an ESB-induced hillock formation, one should observe a transition to a finger regime and fi-
nally to classical step-flow mode while increasing the temperature (for a vicinal offcut surface).
Corrion et al. did not observe this but a degradation of the material quality with an increasing
pit density with Tg r [96].
Both interpretations rely on a kinetic origin of the surface features. First, they seem to be rather
insensitive to dislocations. The hillock morphology appears independent of the substrate,
e.g. sapphire, Si, or FS GaN [97]. Second, nearly all of the hillocks terminate in a triangular
monolayer without visible defects and exhibit closed loop steps, which is in good agreement
with the predicted ESB-induced mound morphology [67, 71, 73, 91, 99], as well as with kinetic
roughening [97, 98]. This indicates that screw dislocation induced growth spirals, which are
common for MOVPE grown GaN [44], are likely not the main driving force behind the hillock
formation in NH3-MBE GaN. It should be mentioned though that from time to time such a
growth spiral can be observed: they have a dislocation in the center and are also always a bit
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Figure 2.13: 10 x 10 µm2 AFM image of GaN grown by NH3-MBE in the hillock regime at 800◦C
with 100 sccm NH3. The rms roughness is 9 nm.
(a) (b) (c) (d)
Figure 2.14: 10 x 10 µm2 and 2 x 2 µm2 AFM images of MOVPE grown GaN: (a) and (d) show
the as-grown HT GaN reference, while (b) and (c) display the sample after 10 min of annealing
in the MBE reactor at 850 ◦C under 200 sccm NH3 flow.
higher than the other hillocks. Third, the hillock morphology turns to a classical step-flow
morphology upon thermal annealing (TA) [95], showing clearly that the surface is not ther-
mally stable.
PAMBE is usually grown at lower Tg r (around or below 740◦C) than NH3-MBE and utilizes
metal-rich conditions (which will be discussed later in part 2.5.2). Indeed, growing nitrogen-
rich PAMBE at these temperatures leads to 3D growth with hexagonal hillocks. An example of
such hillocks can be seen in reference [100]. Note that those hillocks are similar to the ones
observed for NH3-MBE GaN.
One interesting fact to note is that an in situ annealing of a smooth MOVPE GaN layer can
lead to the appearance of mounds. Fig. 2.14 displays MOVPE GaN layers as-grown and after
10 minutes in situ annealing in MBE system (at 850 ◦C under a high NH3 flow). In this case,
the temperature is high enough to allow for a rearrangement of the surface, while the high
NH3 flow (200 sccm) limits the desorption.
Finally, the case of hillocks in MOVPE grown GaN is more complicated to understand. First,
the standard growth conditions for MOVPE GaN are at much higher Tg r than for MBE GaN.
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This means that the diffusion length is high and the relative height of the ESB low compared
to the thermal activation energy of adatoms. With such growth conditions, a step-flow growth
regime should take place. However, the presence of screw dislocations in the GaN layers grown
on sapphire leads to the formation of growth spirals and therefore to long scale roughness.
This surface morphology has nothing to do with the hillocks observed on MBE samples. To
really observe an ESB-induced mount, only truly dislocation free substrates should be used.
So mound formation has been observed for GaN grown on nominal or vicinal surfaces at
low Tg r . This mound formation thus originates from a kinetic effect. If the mounds are due
to an ESB-induced uphill current (2D growth regime), they should transform into a finger
morphology (or step-bunching) at higher diffusion length (or higher offcut angle), when the
2D to 1D growth transition takes place. As reported recently by Sarzynski et al. [101], a flat
surface can lead to mound formation, which can be suppressed by increasing the offcut angle,
reducing thereby the step width. This behavior would be expected for ESB-induced mounds.
However, to clearly attribute the hillocks to an ESB, finger morphology (or step-bunching)
needs to be observed. On the other hand, if the mounds come from kinetic roughening as
described by Vezian et al. [95], no step-meander should be obtained.
As seen in the following part, finger formation is indeed observed when increasing Tg r , con-
firming the assumption that the hillocks are due to an ESB-induced uphill masscurrent.
2.3.2 Step-meandering or finger morphology
1.0µm
(a) (b)
(c) (d)
Figure 2.15: AFM images of 100 nm LT GaN grown at 840◦C: 5 x 5 and 2 x 2 µm2 grown on
(a)-(b) FS GaN and (c)-(d) sapphire.
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(a) (b) (c)
Figure 2.16: 50 x 50 µm2 AFM images of 100 nm LT GaN grown at 840◦C on FS GaN: (a) with a
homogeneous offcut and (b) with local offcut variations. In (c), a corresponding sample grown
on sapphire is displayed. Note that the different size of the finger originate from different
growth conditions, which will be discussed in part 2.5.1.
(a) (b)
Figure 2.17: AFM images of 100 nm LT GaN grown at 840◦C on FS GaN: (a) 2 x 2 µm2 image of
the finger region with well resolved steps and (b) its derivative.
On a vicinal offcut surface, the ESB can induce a finger or step-meandering morphology when
the diffusion length is high enough to enable a 1D growth regime. This morphology appears
for MOVPE grown GaN when Tg r is reduced compared to standard growth conditions. While
smooth step-flow morphologies are obtained for HT GaN grown by MOVPE above 1000◦C the
same offcut leads to finger morphology when the growth is performed under conditions used
for QW barrier (N2 as carrier gas, 840◦C). 100 nm thick GaN layers grown at such LT conditions
by MOVPE on both FS GaN and sapphire are displayed in Fig. 2.15. Note that this LT GaN is
deposited on a HT GaN buffer exhibiting a smooth step-flow morphology. A periodic array
of fingers that follow the offcut direction can be observed for the sample grown on FS GaN
(Fig. 2.15 (a) and (b)). When the substrate has a homogeneous offcut, this array of fingers is
visible on a large scale (Fig. 2.16 (a)). In some circumstances, e.g. an inhomogeneous offcut of
the substrate, a local change in finger orientation (and diameter) can be observed (Fig. 2.16
(b)). On a small scale (Fig. 2.17), the atomic steps on each finger can even be clearly resolved.
However, for the sample grown on sapphire, the finger morphology is altered (Fig.2.15 (c) and
(d)). Although clearly visible on a large scale (Fig. 2.16 (c)), it is far less homogeneous than any
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Figure 2.18: 10 x 10 µm2 AFM images of 700 nm LT GaN grown on FS GaN (a) as grown, and
annealed at 1000◦C for (b) 15 minutes and (c) 30 minutes.
1.0µm 1.0µm 1.0µm
(a) (b) (c)
Figure 2.19: 10 x 10 µm2 AFM images of a NH3-MBE GaN grown at (a) 800◦C with 100 sccm
NH3, (b) 865◦C with 300 sccm NH3 and (c) 920◦C with 400 sccm NH3. The corresponding rms
surface roughnesses are 6.1 nm, 1.9 nm and 1.1 nm respectively.
of the FS GaN samples. On a small scale, the morphology is perturbated and distorted by the
presence of pinned dislocations (Fig. 2.15 (c) and (d)). While the effect of dislocations on the
meandering morphology will be discussed in more detail in part 2.6.1, it can be concluded
that the finger morphology is independent of dislocations, but is strongly affected when they
are present. This is in contrast with some earlier interpretation by Sadler et al. [102], who
attributed the appearance of the finger morphology to the presence of dislocations. In another
earlier report, Sonderegger et al. ascribed this finger morphology to originate from an underly-
ing InGaN layer [103]. In our case, the LT GaN layer is grown on FS GaN substrates (with a low
dislocation density), which excludes the effect of strain or the impact of dislocations.
The finger morphology observed for GaN is in good agreement with the morphology which has
been found and simulated for other materials systems taking into account an ESB [67]. This
was shown for instance for Cu (Fig. 2.8) in the previous part. Assuming that the observed finger
morphology is indeed originating from an ESB, the pattern should not be stable under TA.
Annealing should allow to recover the classical step-flow morphology, provided it is performed
at high temperature (which means a high diffusion length) and under NH3 atmosphere to
avoid desorption, similar to what was observed for the hillocks [95]. In this case, surface
migration and reattachment at energetically favored positions leads to a filling of the valleys
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Figure 2.20: AFM images of a NH3-MBE GaN grown at 865◦C: 5 x 5 µm2 for (a) 400 sccm NH3,
(b) 300 sccm NH3, (c) 200 sccm NH3 and (d) 150 sccm NH3. The corresponding 2 x 2 µm2 are
displayed in (e)-(h). When lowering the amount of NH3, the pit-density increases.
and a smoothening of the morphology. Indeed, annealing the GaN finger morphology at
1000◦C for 30 minutes allows recovering of the classical step-flow morphology, as displayed in
Fig. 2.18 (c). Note that this is a gradual process and an intermediate stage is reported in Fig.
2.18 (b).
A similar finger morphology can be also obtained by NH3-MBE or PAMBE (under nitrogen-rich
conditions). The growth conditions necessary to achieve such a morphology are straight-
forward. While NH3-MBE and nitrogen-rich PAMBE usually grow in the hillock regime, it is
possible to switch to a 1D growth regime by growing at elevated temperatures. The evolution of
the surface morphology with Tg r is displayed in Fig. 2.19 for NH3-MBE: a clear transition from
the mound to the finger regime is observed. This change in the growth regime is accompanied
by a reduction in the surface roughness, from 6.1 nm to 1.1 nm for a 5 x 5 µm2 area. Note
that the NH3 flux was increased with the temperature to counterbalance the enhanced Ga
desorption. As a result, the Vg r was slightly reduced due to NH3 flux screening of the molecular
beam [104]. However, the same growth regime exists for a broad range of NH3 fluxes (and Vg r ),
as shown in Fig. 2.20.
It should be also mentioned that the finger regime appears to be more sensitive to defects.
In this regime, defects lead to the appearance of screw-dislocation-induced hillocks, which
intersect and block the fingers from time to time, as presented in Fig. 2.21 (hillocks regime
is also shown for the sake of comparison). An interesting fact to note is that the surface mor-
phology changes rather quickly. Fig. 2.22 (b) - (d) displays the surface morphology of a sample
consisting of 30 nm of HT GaN grown at 865◦C on top of 500 nm of GaN grown at 800◦C in
hillock mode (Fig. 2.22 (a)). A transition to a finger morphology is clearly observed.
GaN grown by PAMBE under nitrogen-rich conditions can also exhibit finger morphology.
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Figure 2.21: AFM images of a NH3-MBE GaN grown at 865◦C with 300 sccm NH3: (a) a 5 x 5
µm2 (b) its derivative and (c) a 2 x 2 µm2 image. GaN grown at 800◦C with 100 sccm NH3 is
displayed: (d) a 5 x 5 µm2, (e) its derivative and (f) a 2 x 2 µm2 derivative image.
(a) (b) (c) (d)
Figure 2.22: AFM images of a NH3-MBE GaN. (a) shows a 10 x 10 µm2 image of a reference
grown at 800◦C. In (b)-(d) AFM images of 500 nm of GaN at 800◦C overgrown with 30 nm of
GaN at 865◦C with 300 sccm NH3 are shown, the displayed areas are 10 x 10 µm2, 5 x 5 µm2
and 1 x 1 µm2.
This happens for a nitrogen-rich growth window at a high temperature range (close to the ones
used for NH3-MBE), which was proposed by Koblmüller et al. [105, 106]. A sample was thus
grown under nitrogen-rich conditions by PAMBE at Tg r of 790◦C on FS GaN. A clear switch
from the pyramidal to the finger morphology can be seen in Fig. 2.23. This indicates that
nitrogen-rich PAMBE is similar to NH3-MBE. The ESB-induced hillock growth can be shifted
to a finger morphology by increasing the temperature. The same effect could be achieved by
increasing the offcut. Finally, MOVPE grown GaN shows the same finger morphology when
Tg r is low (QW barrier conditions), indicating that the morphology is indeed independent of
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(a) (b) (c)
Figure 2.23: AFM images of 700nm GaN grown under nitrogen-rich conditions at 790◦C by
PAMBE on FS GaN: (a) 5 x 5 µm2 image, (b) its derivative and (c) a derivative of a 2 x 2 µm2
image where atomic steps on top of the fingers can be distinguished.
the growth technique but depends on the surface kinetics. Note that metal-rich PAMBE will
be discussed later (part 2.5.2), together with the influence of the carrier gas for MOVPE.
2.3.3 Step-bunching
Figure 2.24: step-edge configurations for the A and B layers, taken from Xie et al. [107].
The last ESB-induced surface morphology on a vicinal substrate is step-bunching, as described
briefly in part 2.2.1. An intrinsic step-bunching-like feature takes place for GaN grown by
MOVPE in the classical step-flow regime. The surface usually exhibits step-edges of double
monolayer height for HT GaN growth conditions, unless it is disturbed by a perturbation (e.g.
a dislocation). NH3-MBE GaN is different: a smooth step-edge of one ML height is followed
by a “zig-zag” or saw-tooth pattern for the next ML (see e.g. Fig. 2.22 (d)), as described by
Xie et al. [107]. This is due to different Vg r of the step-edges, combined with the 30◦ rotation
between the A and B layer. A schematic of the step-edge configuration is presented in Fig.
2.24. For MBE, the twisted step-edges do not catch up with the step-edge below, leading to the
triangular pattern of single step height. In the case of MOVPE, the double steps are controlled
by Vg r of the slower growing step-edge. While the surface features could be interpreted as
step-bunching, it will not be treated as such in this work, as the origin is due to different
atomic configurations of the step-edge induced by the wurtzite stacking order.
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2.0µm
(a) (b)
Figure 2.25: AFM images of a GaN structure grown on FS GaN which exhibits step-bunching:
A) 10x10 µm2 and B) 2x2 µm2. The images are by courtesy of G. Cosendey (LASPE-EPFL).
Nevertheless, step-bunching can be observed for some conditions in GaN [108]. An example
for a MOVPE grown structure is displayed in Fig. 2.25. This step-bunching would also be
strongly affected by the presence of dislocations, and thus a clear step-bunching can only be
expected for structures grown on FS GaN. Additional information about step-bunching can
be found in the review from Misbah et al. [67]. For a future work, it would be interesting to
investigate the parameters that influence step-bunching in more detail.
2.3.4 Characterization of GaN grown under kinetic conditions
The material quality of LT GaN epilayers was probed with the following characterization
tools: XRD, PL and PAS. Three 700 nm thick samples were prepared on FS GaN. Two finger
morphology samples were grown by MOVPE (840◦C, N2 as carrier gas) and PAMBE (790◦C,
nitrogen-rich conditions), and one hillock sample was synthesized by NH3-MBE (800◦C, 100
sccm NH3). Investigating those 700nm thick LT GaN layers in more depth reveals a high
structural quality: the (002) XRD rocking curve exhibits a narrow full width at half maximum
(FWHM) of 275-300 arcsec, which is within the range of the FS GaN template used for this
work (Fig. 2.26). This indicates no sign of a degradation in crystalline quality due to the
low growth temperature. In addition, low temperature PL shows well-resolved exciton peaks
for the three LT GaN layers (Fig. 2.27). The peaks of the free excitons as well as the donor
and acceptor bound excitons are clearly resolved. Note that the acceptor bound exciton
peak is rather intense for the MOPVE grown layer, possibly due to significant carbon or
magnesium incorporation. This might be due to incomplete organometallic decomposition
(C) or memory effects (Mg). Finally, Christian Rauch from the group of Filip Tuomisto from
Aalto University, Finland, performed PAS, a technique that is sensitive to negative charged
point defects [109, 110]. The level of Ga vacancies was at the detection limit of the system,
indicating no visible degradation in crystalline quality compared to the FS GaN template.
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Figure 2.26: The XRD rocking curves of 700nm GaN on FS GaN in the finger regime (MOVPE,
PAMBE) and hillock regime (NH3-MBE.
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Figure 2.27: PL measurements of a HT GaN buffer on FS GaN and of 700nm thick GaN layers
in the finger regime (MOVPE, PAMBE) and hillock regime (NH3-MBE). The exciton peaks and
the LO phonon replicas are indicated.
In conclusion, a deterioration of the crystalline quality was not observed for the growth
conditions used here. However, this does not exclude possible higher point defect densities.
Also, the signature of acceptor bound excitons on the PL spectra indicate a higher residual
concentration of impurities, which is likely when decreasing the growth temperature.
Nevertheless, kinetics can be applied to control and play with the surface morphology. This
may have beneficial effects, e.g. by using a finger pattern to increase carrier localization in
InGaN QWs grown on top, as shown in the end of this chapter.
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2.3.5 Overview of the morphology for other III-nitrides
While the basics of growth kinetics were studied on homoepitaxial GaN, the LT growth con-
ditions investigated here are commonly used for the active region of optoelectronic devices.
Fundamentally, the presence of an ESB in GaN means that an ESB is likely to exist in other
III-nitrides. While InGaN QWs will be treated later (without discussing the ESB), there have
been some reports of surface features which appear to be ESB-induced.
As already reported [103], a finger morphology has been observed for a 10 nm MOVPE grown
InGaN layer (15% In, Tg r = 740◦ C), as seen in Fig. 2.28 (a). In addition, round InGaN mounds
have been reported for thick InGaN layers grown on a substrate with a low offcut angle (Fig.
2.28 (b)) [101]. This morphology changes to a classical step-flow morphology as well as to
step-bunching at higher offcut angles [101]. Uncapped InGaN QWs grown at low temper-
ature also exhibit hillocks with a similar scaling (see part 2.5.1) as predicted for ESB [111].
In Fig. 2.28 (c), a finger-morphology is demonstrated for AlGaN (with 15% of Al) grown by
NH3-MBE on a FS-GaN template. For higher Al content and a higher Vg r and on an AlN
template, an Al0.3Ga0.7N sample (Fig. 2.28 (d)) exhibits a hillock morphology, showing that
both ESB-induced morphologies can be obtained for AlGaN as well. Such hillocks can also be
observed for AlN grown by NH3-MBE on both sapphire and Si (Fig. 2.28 (e) and (f)). Other
groups have reported a similar morphology [112] and hillocks have been observed for InN too
[113].
There is another ternary alloy, InAlN, that is investigated in more depth in our group and
which is of great interest for the III-nitrides, as it can be grown lattice matched to GaN with
around 17% In [35]. This allows in principle to achieve a very high structural quality when
grown on FS GaN substrates. However, the growth temperature is strongly limited due to
indium desorption, which in turn hinders the surface diffusion length of aluminum. As a con-
sequence, it will be seen that surface kinetics play a major role and have detrimental effects on
the material quality. Under optimized conditions and on FS GaN, the lattice-matched InAlN
surface morphology consists of regular round mounds which are aligned to the underlaying
GaN step-morphology. Such mounds agree very well with ESB-induced mounds, especially as
they are very flat (the height is below 1 nm) and still aligned to the GaN steps after even 50 nm
of InAlN growth. Fig. 2.29 displays the evolution of the morphology of the lattice-matched
InAlN for different growth thicknesses. Here, two issues need to be discussed: first, while
the mounds are well-aligned to the steps, it can not be distinguished whether the mounds
originate from the center of a GaN step or more closely towards the downwards step-edge
(the latter would clearly indicate an ESB as the origin). Second, as the samples are grown
on FS GaN, no dislocations perturbate the morphology, at least for thin layers. On the other
hand, several pits (or voids) appear at higher thickness. Apart from normal hillocks, higher
mounds with pits in the center appear. In comparison, a LT NH3-MBE-grown GaN sample
(grown at 660 ◦C on GaN-on-sapphire) exhibits a similar morphology (Fig. 2.29 (e)). The
InAlN pit formation is followed by the formation of columns and phase separation into regions
with different In contents (Fig. 2.30 (a) - (c)). This change happens after a critical thickness,
even for strain-free InAlN grown on FS GaN. The pit formation and change in growth regime
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Figure 2.28: AFM images of InGaN (a) and (b), AlGaN (c) and (d) and AlN (e) and (f) at different
growth regimes. All but (b) (which is taken from Sarzynski et al. [101]) display a 10 x 10 µm2
area. (a) is by courtesy of S. Sonderegger (EPFL); the AlGaN and AlN samples are by courtesy
of E. Giraud (LASPE-EPFL). A finger morphology is displayed for InGaN and AlGaN, while a
mound morphology is shown for InGaN, AlGaN and AlN.
after a critical thickness are probably due to limited surface kinetics similar to the case of
homoepitaxial LT Ge growth. In the case of homoepitaxial Ge [74], ESB-induced cubic hillocks
form when Ge is grown at too low temperature. After a Tg r -dependent critical thickness
h1, stacking faults and faceting occur at the border between ESB-induced hillocks, due to
diffusion limited surface processes. From those seeds, a zig-zag-kind of pattern evolves at the
interface (Fig. 2.30 (h)) with a defect-rich regime which exhibits a columnar structure. Finally,
after a second Tg r -dependent critical thickness h2, an epitaxial breakdown occurs and the Ge
growth becomes amorphous (Fig. 2.30 (e) - (h), taken from Bratland et al. [74]). Note that the
columnar structure originates from defects and is different from the one observed in InAlN;
however, it shows that other mechanisms than phase separation can lead to defective and
columnar-like structures.
Actually, the growth regime observed in Ge grown at LT is very close to what happens in
lattice-matched InAlN (Fig. 2.30 (d)). The formation of the pits (see Fig. 2.29 (f)) between
the mounds may indicate a strongly ESB-limited surface diffusion length, which could be
responsible for phase-separation (Fig. 2.30 (a) - (c)). Indeed, it has been proposed that dif-
ferent surface curvatures induce a different surface potential [114]. This results in local alloy
composition variations and finally in phase-separation. A more in depth discussion of the
phase-separation for lattice matched InAlN can be found in reference [115]. Assuming the
formation of the InAlN zig-zag-interface between the homogeneous region and the region
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Figure 2.29: 2 x 2 µm2 AFM images of MOVPE grown (a) 2 nm InAlN, (b) 50 nm InAlN, (c)
100nm InAlN and (d) 240 nm InAlN. In (e) 250 nm of LT MBE grown GaN (Tg r = 660◦C) grown
on sapphire is shown as comparison. In (f) 50 nm of InAlN grown with a lower In flux (but
same In content) is displayed. All InAlN layers shown are lattice-matched to GaN and grown
on FS-GaN (by courtesy of G. Cosendey (LASPE-EPFL)). Note that the average peak-to-valley
ratio for (b) or (f) is below 1 nm.
with the phase separation (see Fig. 2.30 (a) - (c)) to originate from ESB-limited diffusion, three
changes could help to prevent the change in material quality: first, Tg r could be increased and
Vg r be reduced. However, due to indium desorption, this might not be feasible. Second, a
strong increase of the offcut angle could allow to switch from the mound to the finger regime.
This might help to prevent phase separation if the peak-to-valley ratio remains low. This needs
to be investigated in more detail, as a pronounced finger-formation will also provide local
offcut variations, and thus different indium incorporation, as discussed in more detail in part
2.6.1. Finally, adatoms that enhance the diffusion length could delay the phase separation, as
already observed for Ge [92, 93]. Interestingly, the smoothest InAlN layers were obtained with
a very high indium flux [116], while keeping lattice-matched condition (the excess In is not
incorporated at the growth conditions used). As a consequence, the pit formation is delayed
(Fig. 2.29 (b) - (f)). Notice that the effect of adatoms on kinetic growth is discussed in more
detail in part 2.5.2.
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GaN substrate
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Figure 2.30: (a) shows a HR-TEM image of InAlN grown lattice-matched on FS-GaN, displaying
the change from a homogeneous layer to a columnar structure with phase separation above
the critical thickness (h1). (b) a smaller section above h1 is displayed. (c) the corresponding
elemental map, showing In- and Al-rich stripes. (d) a schematic drawing of the evolution
of the InAlN morphology below and above the critical thickness is presented. The HR-TEM
images of InAlN ((a) - (c)) are by courtesy of G. Perillat-Merceroz (LASPE-EPFL).
To compare, (e) shows a Ge cross-section TEM image, with two critical heights. The magnifica-
tions (f) and (g) provide enlarged images of the defect region (between h1 and h2). (e)-(h) are
taken from Bratland et al. [74].
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2.4 Kinetic Monte Carlo simulation for the III-nitrides
(c)(a) (b)
(e) (f )(d)
Figure 2.31: KMC simulations for growth of a wurtzite crystal on a hexagonal lattice compared
to experimental data. (a) step-flow growth, (b) finger regime and (c) mound regime. (d)-(f)
display corresponding 2 x 2 µm2 AFM images of samples grown in the presented study. (a)-(c)
are by courtesy of Dr. B. Hourahine (Strathclyde University).
While first theoretical simulations about step-meandering and other instabilities for the III-
nitrides have appeared recently from Zaluska-Kotur et al. [117, 118, 119, 120], these authors
do not discuss the different ESB-induced growth regimes and regime changes. To investigate
the effect of an ESB on a hexagonal system and to compare it to our experimental results, a
kinetic Monte Carlo (KMC) simulation has been performed by Dr. Benjamin Hourahine from
Strathclyde University, UK. His work is based on the simulation of Vladimirova et al. [91] and
on a work on step-bunching for a hexagonal lattice [121].
While the refinement of the KMC model is still going on, the first results agree well with our
experimental observations (Fig. 2.31). Note that the absolute scale of the simulation is not the
same as observed experimentally yet, but the scaling behavior is (see the next part). Adjusting
the parameter to fit the experimental scaling is in progress. However, the trends are the same:
the step-flow regime (Fig. 2.31 (a)) changes to a finger regime (Fig. 2.31 (b)) when the value of
the ESB is increased. When the step width is strongly increased (and Vg r as well) the simulated
finger regime changes to a hillock one (Fig. 2.31 (c)). The KMC simulations of growth under
the presence of an ESB are thus in good agreement with the observed morphologies. This gives
additional support to the ESB-related origin of the GaN morphologies. Further information
can be gained by looking at the scaling behavior of the feature size with the Vg r and comparing
it to earlier works.
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2.5 Control of the morphology
In this part, the effect of Vg r will be first studied in detail in the framework of transitions
between the different regimes and the scaling of the periodicity (the lateral feature size) with
Vg r . In a second part, the screening of the ESB will be discussed. The role of an adlayer and
the impact of the carrier gas will be treated for PAMBE and MOVPE, respectively.
2.5.1 Scaling of the morphology: growth rate and layer thickness dependencies
1.0µm 1.0µm
(a) (b)
Figure 2.32: 5 x 5 µm2 AFM images of 100 nm LT GaN grown by MOVPE at (a) 140 nm/h and
(b) 70 nm/h.
The transitions from one regime to another for different Tg r (see Fig. 2.19) follow the trends
expected from the theory [67, 91] and the KMC simulations (Fig. 2.31). Additionally, the theory
suggests that the same regime change can also be observed by changing the step width (by
adjusting the offcut angle, as seen for InGaN [101]), or by altering Vg r [67, 91]. A high Vg r
reduces the effective diffusion length and thus affects the formation of new islands. In turn,
a low Vg r can allow smoothening effects to play a larger role. Fig. 2.32 displays AFM images
of 100 nm thick LT GaN layer grown by MOVPE under the same conditions, except Vg r . One
can see that the step-meandering morphology changes into a smooth classical step-flow
morphology simply by lowering Vg r . This indicates that there is a smoothening effect that gets
dominant at low Vg r , effectively reducing the uphill masscurrent induced by the ESB (see part
2.2.1). Without a countering massflow, such a transition to a stable step-flow mode would not
be expected for if an ESB is present. One explanation could be that desorption produces a
downhill masscurrent that counters the uphill one induced by the ESB. However, it should
be noted that although most of the surface consists of perfect smooth steps for the low Vg r
sample, the onset of a few isolated finger can still be observed occasionally, which might be
due to local variations.
A similar transition takes also place for the hillock regime in NH3-MBE when Vg r is strongly
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Figure 2.33: 10 x 10 µm2 AFM images of GaN grown by MBE at 800◦C at (a) 450 nm/h, (b) 110
nm/h. and (c) 60 nm/h. In (d) and (e) 5 x 5 µm2 and 2 x 2 µm2 of the sample grown at 110
nm/h are displayed, while a 5 x 5 µm2 of the sample grown at 60 nm/h is shown in (f). While a
transition to a smoother finger regime is observed, the density of pits is strongly enhanced for
low Tg r .
lowered (Fig. 2.33). However, in that case the change in the morphology regime is accompanied
by a deterioration of the surface morphology due to the formation of pits (local etching at
dislocations is likely). However, note that this regime change does not necessary require a
smoothening effect, but can be explained simply by an enhanced diffusion length at lower
Vg r .
To briefly summarize the influence of the growth conditions discussed so far, two diagrams
illustrating the domains of the different growth regimes have been constructed. In Fig. 2.34
(a), the plot of the Vg r over Tg r shows the experimentally observed transitions between the
different regimes (for samples with a fixed offcut). In addition, Fig. 2.34 (b) displays the
effect of the offcut on the 2D to 1D growth mode transition for two ESB with different heights
(ESB 1 < ESB 2). A smoothing effect, such as experimentally observed in Fig. 2.32, effectively
reduces the mass flow induced by the ESB and can thus reduce the effect of the asymmetry of
attachment. As a consequence, classical step-flow can be realized despite the presence of an
ESB (for low Vg r ). The growth regime diagram follows quite well the predictions of Vladimirova
et al. [91] for a high diffusion length (corresponding to the right hand part of Fig. 2.12).
To conclude, the energy of the adsorbed particles is temperature dependent, so increasing
Tg r has three effects: it enhances the diffusion length and thereby reduces simultaneously
the asymmetry of attachment, as the ESB height itself does not depend on the temperature
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Figure 2.34: (a) Kinetic growth diagram for the three different GaN morphology classes ob-
served on a vicinal offcut surface under conditions where an ESB is dominant (assuming a
constant V/III ratio). (b) The strength of the ESB (ESB 1 < ESB 2) affects the step-width over
diffusion length related transition between a 2D and 1D growth regime. In addition, the case
of a smoothening effect which can counter an ESB-induced massflow is indicated.
and the probability of particles passing over the step-edge barrier is increased. At the same
time, the increased diffusion length can switch the nucleation from 2D to 1D, causing a growth
regime change (hillocks or layer-by-layer to finger or step-flow growth). This depends on the
offcut angle. In addition, smoothening effects can also be temperature dependent. In this case,
the downhill massflow which counteracts the ESB-induced uphill massflow can be increased
with temperature.
Effect of the growth thickness
ESB-induced growth has some implications. The height of the surface feature (given by the
peak-to-valley ratio) is per se independent of the growth rate: the modulation of the height (Eq.
2.1), which is responsible for the peak-to-valley ratio, should be constant while changing Vg r .
Furthermore, the modulation should grow only slowly with the growth thickness, meaning
that a large increase in thickness only leads to a small increase in the peak-to-valley ratio. This
agrees well with the experimental observations. The measured peak-to-valley ratio is only
about 40 nm for a few microns grown in the hillock regime (not shown), and the step-meander
regime behaves similarly. It is thus possible to control the height of both surface features,
hillocks and fingers, by choosing the layer thickness. However, for thin layers, only small
modulations can be achieved. There are a few important points to add here. First, there is
probably a maximum peak-to-valley ratio that depends on a lateral feature size. As observed
for Ge, when the mounds reach a certain slope (or facet), dislocations are introduced at the
islands coalescence and a phase-transition takes place, leading to a deterioration and finally to
an epitaxial breakdown [74]. Thus it is likely that a maximum slope exists also for ESB-induced
mounds or fingers in III-nitrides. However, such a point was not reached for the thickest layers
(a few µm) investigated under the growth conditions used in this work, so a similar behavior
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(a) (b) (c)
Figure 2.35: 10 x 10 µm2 AFM images of GaN grown by MBE at 800◦C: (a) 30 nm thick, (b) 600
nm thick and (c) over 2.5 µm thick. The corresponding rms surface roughnesses are 3.6 nm,
3.2 nm and 9 nm.
for GaN cannot be confirmed. Nevertheless, a phase transition was observed in InAlN and
ascribed to mound formation due to ESB-limited kinetics.
Second, the lateral feature size - or periodicity - is independent on the growth thickness. That
means that the height can be adjusted without affecting the lateral feature size. As shown in
Fig. 2.35 for the case of MBE grown hillocks, no change in the lateral size of the mounds was
observed over the thickness range under consideration (from 30 nm (Fig. 2.35 (a)) to a few µm
(Fig. 2.35 (d))).
Third, the influence of other factors has been excluded so far. Especially the strain should
however play an important role for the feature-size. In non-lattice-matched heteroepitaxy with
plastic relaxation, the strain is highest close to the interface. It decreases with increasing layer
thickness and vanishes after a complete relaxation of the layer. If the feature size is affected by
the strain, it should thus change with increasing the layer thickness, and stabilize to its normal
value when the layer is relaxed. Such a behavior has been reported for NH3-MBE grown GaN
hillocks on AlN [95]: with increasing film thickness, the lateral mound size increases, until is
saturates and becomes independent of the thickness.
Effect of the growth rate: is a kink or a step effect dominant?
While the growth thickness does not influence the lateral feature size (without strain), the
feature size is supposed to depend on Vg r as described by Eq. 2.7. Increasing Vg r (within one
growth regime) leads to a reduction in feature size. The exact scaling, in form of the scaling
factor β, further allows to investigate whether the observed morphology is more likely due to a
KESE or a SESE. In the hillock regime, the scaling of GaN mounds with Vg r is displayed in Fig.
2.36, for GaN grown by NH3-MBE at 800◦C with three different Vg r . The fit allows to extract a
scaling factor β= 0.8. In the case of step-meandering, the scaling factor is different. This is not
surprising, as the uphill mass transport to the mounds comes from all directions. This process
is in line with island nucleation on a flat surface. On the other hand, fingers do not correspond
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Figure 2.36: 10x10 µm2 AFM images of GaN mounds grown by NH3-MBE at 800◦C with a Vg r
of (a) 440 nm/h, (b) 690 nm/h and (c) 1000 nm/h. (d) The lateral feature size is plotted over
the growth rate, the fit gives a scaling factor β of 0.8.
2.0µm 2.0µm
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Figure 2.37: 10x10 µm2 AFM images of GaN finger grown by MOVPE at 840◦C with a Vg r of
(a) 140 nm/h,(b) 235 nm/h and (c) 850 nm/h. (d) The lateral feature size is plotted over the
growth rate, the fit gives a scaling factor β of 0.45. Note that the sample displayed in (c) was
grown with a different Ga precursor (TMGa).
to a 2D but a 1D growth mode, and the mass transport to the fingers comes from the valleys
(only along one direction), as indicated in the schematics displayed in the theory part 2.2.1
(Fig. 2.9 and Fig. 2.10). As a consequence of the massflow along two directions as compared to
one, a larger scaling factor is expected for the hillocks. In fact, the scaling factor measured for
the finger structures grown on FS GaN (Fig. 2.37) is roughly half of the one obtained for the
hillocks: a scaling factor β of 0.45 is deduced for the step-meandering regime.
One the one side, this scaling factor is close to what has been predicted for step-meandering
for a SESE in the cubic system (β = 0.5)[88, 83]. Contrary to that, a KESE seems less likely, for
which a scaling factor of 0.25 was predicted (for a cubic system)[83, 89]. However, both values
can vary depending on the model [67]. Consequently, this should only be taken as a weak
indication of a dominant SESE, until further investigations (e.g. by STM) and simulations of a
hexagonal system have been performed.
On the other hand, there are further indications which are consistent with a KESE. If the
KESE is dominating, and thus mainly responsible for the morphology, the kink density and
the crystallographic orientation of the offcut direction would be important. To the author’s
knowledge, no study of the kinetic morphology as a function of the offcut orientation has
been published so far for GaN grown on c-plane. However, for m-plane GaN grown under
nitrogen-rich conditions by PAMBE, a strong dependency of the morphology on the crystallo-
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graphic orientation of the offcut has been observed [122]. In this case, it was possible to obtain
a smooth classical step-flow morphology with an offcut that was 17◦ off from the c-direction.
Otherwise, the surface was wavy. While the authors attribute this effect to a certain bond
configuration at the step-edge [122], their results are in good agreement with a KESE. Without
this special offcut orientation, a trilayer of Ga at the growth front is needed for achieving
smooth surfaces [123]. For MOVPE an offcut angle of over 5◦ is required to achieve smooth
steps for m-plane [124].
To briefly summarize the discussion between KESE and SESE, the scaling of the step-meander
seems more in favor of a SESE, while the dependency observed for m-plane GaN hints that a
KESE might also play a role. Further investigation is needed. This could be done by system-
atically growing on surfaces with different offcut orientations. However, as both barriers are
likely to be present at the same time, the main question remains unanswered: which of the
two is dominant (and under which conditions)?
2.5.2 Avoiding the ESB-induced instability
In most of the cases, the kinetic morphology should not only be controlled, but avoided, as
it can lead to rough interfaces. There are two possible ways to keep a smooth surface in the
presence of an ESB: the uphill masscurrent which result from the ESB could be countered, or
the asymmetry of attachment could be circumvented by providing another diffusion channel
over the step-edges.
Circumventing the ESB and the ESB-induced morphology
When growing at high Tg r , the energy of the particles on the surface is high compared to the
ESB, hence they do not experience a strong asymmetry. This is the case for a high Tg r , where
classical 2D layer-by-layer growth or 1D step-flow growth is possible. This corresponds to
growing in the right hand part of Fig. 2.34 (area III). As an example from another materials
system, it is possible to avoid hillock formation in Ge when growing above 170◦C [74].
As discussed in the previous part, Vg r can have two effects: first, smoothening effects can
become dominant at low Vg r and can lead to a vanishing of the ESB-induced morphology
despite a pronounced asymmetry of attachment. This takes place by countering the uphill
masscurrent induced by the ESB. A countering downhill massflow could originate from e.g.
hydrogen etching or desorption, which could be higher for the convex parts of a step-edge.
Note that the smoothening effects should depend on the temperature and might not be signif-
icant at low Tg r . Second, increasing Vg r can also reduce the effective diffusion length. A very
high Vg r could lead to a transition between 1D and 2D nucleation.
Another parameter is the offcut. For a SESE, the offcut will affect the 2D to 1D transition. If
no smooth step-flow growth can be maintained, then increasing the offcut could result in
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fingers and prevent hillock formation. It might be easier to smooth a 1D finger regime than
the hillock regime. In the case that a KESE is dominant, the offcut orientation affects the
density and configuration of kinks along the step-edges as well as the step-edge configuration.
Step-meandering due to KESE should therefore also be controlled by the offcut orientation,
which may allow getting rid of a kinetic morphology by adjusting the offcut.
Note that the effect of the V/III ratio was not investigated here. For NH3-MBE grown layers,
no strong impact of the NH3 flux was observed, but it would be interesting to evaluate the
effect of the V/III ratio in more detail in a further study, as it affects the surface chemistry.
Another factor is the impact of the morphology of the underlying layer when growing on top
of a different layer. The local offcut is no longer controlled by the offcut of the substrate, but
depents on the morphology of the layer underneath. This issue will be discussed more detailed
in part 2.6.1.
Screening of the ESB: effect of a metal adlayer
(a) (b)
Figure 2.38: Nucleation at very low diffusion length (a) without an ESB and (b) with an ESB.
On the other hand, it is also possible to screen the ESB by avoiding the asymmetry. As a conse-
quence, the step-flow growth mode is sustained, and the 2D to 1D growth mode transition
does not occur earlier. This allows to broaden the range of growth parameters which can be
used while keeping a classical step-flow morphology. A way to achieve this situation is to use
another diffusion channel, where the particles do not experience the ESB and thus avoid the
asymmetry.
A prominent example of such a diffusion channel is a metal adlayer. Such a metal adlayer is
commonly used in PAMBE under metal-rich conditions and allows keeping a smooth mor-
phology at very low Tg r . To be more precise, the best GaN surface morphology is obtained
when a bilayer of metal is present at the growth front for c-plane orientation. To discuss this
in more detail, the first report of an ESB in GaN should be mentioned again, as the study by
Zheng et al. provides additional information here: Zheng et al. [94] grew a sub-monolayer of
GaN at very low temperatures by PAMBE. A template with growth spirals was used to prepare
a surface with step-edges of single and double layer height. Tg r was strongly reduced so that
the diffusion length was not sufficient for step-flow growth anymore and island nucleation
occurred on the steps. The position of the nuclei was then studied by in situ STM. First, the
effect of an ESB on the island nucleation on such kind of steps needs to be explained: the
step-edges act as preferential nucleation sites, i.e. all adsorbed particles that can reach those
will nucleate there. Island formation will thus start in the region that is furthest away from an
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Figure 2.39: The original STM images for a sub-ML of GaN deposited on a spiral at very low
Tg r , taken from Zheng et al. [94]. (a) With a bilayer of Ga at the growthfront, (b) with a single
layer of Ga at the growth front and (c) without Ga at the growth front under nitrogen-rich
conditions.
(a) (b) (c)
Figure 2.40: Schematics of the screening of the ESB by the presence of another diffusion
channel: (a) the adlayer is high enough to allow a diffusion over the step-edge for a double
layer step, (b) the adlayer is not high enough for a double layer (only for single layer), hence
no additional diffusion channel for double layer, but surface diffusion might be affected, and
(c) the case without an adlayer.
accessible step-edge. Without an ESB (or with a screened ESB), both step-edges are accessible
and nucleation takes place in the center of a step (Fig. 2.38 (a)). When introducing an ESB,
the nucleation position shifts (depending on the strength of the barrier) towards the lower
step-edge, as illustrated in Fig. 2.38 b. As a consequence, the position of the nuclei with
respect to the step-edges allows to probe the existence of an ESB. The original STM images
from Zheng et al. [94] are shown in Fig. 2.39. Under metal-rich conditions with a bilayer of Ga
at the surface, as seen on the left, the island nucleate in the center of the steps, hence no ESB is
observed. On the other side, for nitrogen-rich conditions (no Ga adlayer), as displayed on the
right, the nucleation takes place close to the downward step-edge, which is a clear evidence of
an ESB.
However, the most interesting case is one in the middle, where both can be observed, de-
pending on the step-height: a single ML of Ga screens the ESB for single steps only. It is not
sufficient for double steps. This STM observation needs to be discussed in the context of the
surface morphologies reported for metal-rich PAMBE growth. The best GaN morphology is ob-
tained for a homogeneous Ga film surface-coverage. For c-plane GaN, the ideal film thickness
is two ML and further Ga leads to droplet formation [60]. Note that for other crystallographic
orientations, the optimum thickness can vary, e.g. three ML for m-plane GaN [124] and for
cubic GaN a single ML seems optimal [125].
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(a) (b)
Figure 2.41: (a) 5 x 5 µm2 and (b) 2 x 2 µm2 AFM images of PAMBE GaN grown under metal-
rich conditions at 740◦C. No mounds but smooth steps are observed, and dislocations are
easily visible. Note that only one ML of Ga was needed at the growth front, as the sample
exhibits only step-edges of single layer height.
It has been postulated that such an adlayer reduces the diffusion barrier on the surface (thus
enhances the diffusion length) and provides a preferential diffusion channel [126]. This diffu-
sion channel should allow a downwards diffusion over a step-edge without experiencing an
ESB if there is a continuous film. In the case of a single ML of Ga at the growth-front, the ESB
is only screened for step-edges of single ML height. A bilayer of Ga is needed to screen the ESB
for step-edges of double ML height for c-plane GaN [94]. This interpretation makes sense: the
single ML of Ga does not provide a continuous film over the double step-edge, hence particles
still experience the ESB there, as presented schematically in Fig. 2.40.
As GaN commonly forms step-edges of double ML height, this explains why the bilayer of Ga
is needed to screen the ESB and thereby allows to realize smooth step-flow growth at the low
temperatures used for PAMBE. This demonstrates that a metallic Ga film of the height of the
step-edges is one possibility to screen the ESB. In turn, it allows to connect the origin of the
smooth morphology of metal-rich PAMBE growth grown at low Tg r to the screening of the ESB
on a microscopic level. To investigate this further, metal-rich GaN was grown using PAMBE at
740◦C (Fig. 2.41). A smooth step morphology is obtained (the rms surface roughness is 0.8
nm for 5 x 5 µm2). Note that only a single layer of Ga was present at the growth front, as the
sample grown exhibits steps of single ML height.
Other adatoms are likely to provide a similar diffusion channel as well as positively affect the
diffusion length [126]. In the case of Ge for instance, the ESB-induced breakdown of LT Ge
film can be avoided by supplying a low level of Sn [92]. Similarly, GaN grown by NH3-MBE at
low temperature (660◦C) normally exhibits a very rough surface morphology (Fig. 2.42 (d) -
(f)), but it can be brought back to a high temperature morphology when additional indium
is supplied during growth (Fig. 2.42). In the latter case, the In flux even allows to achieve a
step-meandering growth on the sidewalls of the underlaying Ga mounds (Fig. 2.42 (g)-(l)),
which self originate from an underneath GaN buffer grown at 800◦C (Fig. 2.42 (a)-(c)).
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Figure 2.42: 10 x 10, 5 x 5 and 2 x 2 µm AFM images of GaN layer grown at (a)-(c) 800◦C, (d)-(f)
660◦C and (g)-(i) 660 ◦C with additional supply of In. In (j)-(l), a 2 x 2 µm AFM image and
two derivatives of AFM images are displayed for additional information about the indium-
surfactant effect.
Note that the same buffer was also used for the sample without In. The transition from rough
to step-meandering can be interpreted as an In-enhanced diffusion, or a surfactant effect. One
should point out that adatoms can not only enhance but also reduce the diffusion length [127].
This is the case of Mg as proved by a reduced finger size compared to an undoped reference
sample (Fig. 2.43).
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Figure 2.43: 5 x 5 and 2 x 2 µm AFM images of GaN grown at 865◦C (a)-(b) with additional Mg
and (c)-(d) without Mg. A strong reduction of the lateral feature size can be observed for the
sample with the additional Mg flux.
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Screening of the ESB: influence of the carrier gas
In the case of MOVPE, the composition of the carrier gas (either H2, N2 or a mixture of both)
has a certain effect on the surface morphology. All the LT MOVPE GaN layers presented so
far were grown under pure N2 as carrier gas, which corresponds to growth conditions used
for QWs and barriers in the active region of optoelectronic devices. Pure N2 is especially
important for indium-rich InGaN alloys, as H2 strongly reduces the indium incorporation
[128], and thus needs to be avoided. For high temperature GaN, as shown in Fig. 2.3, H2 leads
to the best growth conditions [129]. H2 may affect the surface by etching it during growth, but
this etching is supposed takes place only at high temperatures [130]. If etching occurs, it could
provide a smoothening effect that counters the ESB-induced massflow.
However, it has been suggested that the presence of H2 changes the local growth front compo-
sition from nitrogen- to more metal-rich conditions [130]. The processes at the growth front
can be described by two equations. The first process is the adsorption of Ga, which can be
described in form of a reversible process by
Ga+ (ad s)⇔Ga(ad s), (2.8)
with (ad s) an adsorbance site and Ga(ad s) the Ga adsorbed at the surface. The adsorption
process is strongly temperature dependent and rather slow. On the other hand, the interaction
of the adsorbed Ga with NH3 to form GaN given by
Ga(ad s)+N H3 ⇔GaN +1.5H2, (2.9)
is a very fast quasi-equilibrium process and changes only slowly with temperature. The
latter equation (Eq. 2.9) describes the “bulk - adsorption layer” interaction [130]. For this
process, the presence of additional H2 shifts the balance of this (quasi-) equilibrium towards
the left side, which means having a partial Ga adlayer at the growth front as long as H2 is
supplied: under the presence of H2, a stable Ga coverage of around half a ML is expected
from simulations for a broad range of temperatures [130]. If the theory is correct, using H2
in the carrier gas could provide a partial metal-adlayer at the growth front, similarly to the
metal-adlayer used in PAMBE. In Fig. 2.44 two LT GaN layers grown on FS GaN by MOVPE
are presented. While a clear step-meandering morphology is observed when N2 is used as
carrier gas, a perfectly flat and regular step-flow morphology is visible in the case of H2. This
is a clear indication that the carrier gas has a strong effect on the ESB. While it does not prove
the theoretical predictions, these observations support the general idea. There are further
indications that the presence of H2 enhances the lateral diffusion and makes the growth front
more metal-rich. The case of MOVPE-grown N-polar nanowires (NW) also supports this
interpretation: without H2 in the carrier gas mixture, hexagonal hillocks form. H2 is required
for the NW formation [131, 132] and increasing the H2/N2 ratio strongly decreases the NW
diameter until a plateau is reached (for a ratio of 1.25). This means that additional H2 in the
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Figure 2.44: 5 x 5 µm AFM images of GaN grown by MOVPE at 840◦C: (a) with N2 as carrier gas
and (b) with H2 as carrier gas.
(a) (b) (c)
Figure 2.45: 10 x 10 µm AFM images of NH3-MBE GaN grown at 800◦C (a) without and (b)
with the addition of a H2 flux. A magnification of the sample with H2 is shown in (c). Note
that apart from the finger-like morphology, several hillocks are visible with H2; those hillocks
nearly all terminate with a (screw) dislocation.
carrier gas mixture does not further affect the lateral Vg r , indicating that H2 might lead locally
to metal-rich conditions.
For the sake of comparison, NH3-MBE GaN has been grown while supplying additional H2
via the plasma line (without a plasma). The surface morphology of such a sample and that
of a reference sample (both grown at 800◦C) are displayed in Fig. 2.45. While a transition
from a hillock (Fig. 2.45 (a)) to a finger-like morphology (Fig. 2.45 (b)) can be observed, it is
accompanied by the creation of mounds that disrupt the finger propagation and terminate in
a dislocation. This indicates the presence of screw dislocations. The transition shows that H2
seems to slightly enhance the diffusion length for MBE growth as well.
To briefly summarize, it seems that H2 slightly enhances the diffusion and lowers or screens
the ESB, possibly with a similar process as the complete metal adlayer does or by providing a
downhill masscurrent due to etching that could counter the ESB-induced massflow.
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2.5.3 Overview and outlook: how to control the morphology of GaN epilayers
Knowing the origin of the surface morphology features allows a precise control of the growth.
The type of morphology - hillocks, step-meandering or step-flow - could in principle be se-
lected by choosing appropriate growth conditions for all three growth techniques.
The type of feature can be controlled by the step width over diffusion length ratio, which
determines if the growth is 2D (ESB-induced hillocks) or 1D (ESB-induced fingers). The lateral
feature size can be controlled by the effective diffusion length (e.g. in form of Tg r or Vg r ), while
the peak-to-valley ratio (the surface height modulation) depends on the growth thickness.
This means that both parameters are independent of each other.
Keeping in mind that this control is not always possible, the growth parameter will be limited
by the intended structure and growth technique. For some applications, especially LDs, it is
important to keep smooth interfaces, hence classical step-flow mode without ESB-induced in-
stability must be preferred. This can be achieved either by growing in a specific growth window
(Fig. 2.34) where the classical step-flow mode is maintained due to dominant smoothening
effects, or by screening the ESB and thus avoiding the asymmetry of attachment. The latter
can be done by a metal adlayer, which allows to extend the classical step-flow growth window
to low Tg r or high Vg r .
On the other hand, the control of the kinetic morphology could be useful. For instance the
step-meandering patterns may create an ordering along the offcut direction or a matrix to
promote self-alignment of QDs. While aligned QDs commonly rely on ex situ nano-patterning,
it is has been demonstrated that homoepitaxial grown meandering features can be used for
alignment of Ge QDs on meandered Si [133]. The kinetic morphology can also be used to
play on the properties of an InGaN overlayer. It will be shown hereafter that the local surface
misorientation modifies the In incorporation and introduces thereby significant alloy disorder.
In turn, this may enhance the carrier localization and therefore improve the efficiency of LEDs.
2.6 The effect of the ESB on devices
In this part, the effect of the ESB-induced morphology on the subsequent growth of an active
region of a LED will be investigated. The correlation between local surface morphology,
indium incorporation, and position of defects will be discussed. An improvement in quantum
efficiency will be demonstrated on LEDs.
2.6.1 The effect of the ESB on the lateral emission characteristics
The ESB-induced step-meandering appears for common barrier growth conditions and should
be found in many optoelectronic devices. This patterning causes local variation in step-width
and step-orientation and it further creates local film-thickness variations. The latter can
be especially relevant for very thin layers. Both can have a profound impact on devices. In
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Figure 2.46: In (a) a 10 x 10 µm2 AFM image of a NH3-MBE InGaN QW grown on a HT GaN
which exhibits a finger morphology is displayed. In (b) the fluorescence image of the same
sample under high excitation power displays the finger structure related emission. In (c) the
fluorescence image of a MOVPE grown MQW also displaying such a emission pattern is shown
as a comparison, taken from Masui et al. [134]. In (d) a 10 x 10 µm2 AFM image of a MOVPE
grown DQW is displayed with the corresponding cathodoluminescence intensity maps for
different emission energies shown in (e) and (f) indicating higher and lower indium contents.
(d)-(f) are by courtesy of S. Sonderegger (EPFL).
particular, when the InGaN active region is grown on a finger-like structures, this morphology
can be transferred to the lateral emission characteristics of the device, thus aligning the optical
properties and the ESB-induced surface features.
To investigate this in more detail, a pronounced finger-morphology GaN buffer was grown
by NH3-MBE with an In-rich InGaN QW and a 30 nm GaN cap layer grown on top. The
surface morphology of the sample is displayed in Fig. 2.46 (a). Investigating the sample by
fluorescence measurements (Fig. 2.46 (b)), a clear stripe like structure can be resolved. In
an earlier study, Sonderegger et al. [103] already showed by cathodoluminescence that the
region between the finger (valleys) exhibits a blue-shifted emission compared to the region
on top of the fingers for an MOVPE grown QW, as shown in Fig. 2.46 (d)-(f). The authors
proposed that this change originates from thinner QW areas in the valleys [103]. However, it
could also be that the local variation in the offcut angle around the valleys affects the indium
incorporation. Indeed, it has been reported that local offcut variations cause variations in
indium content and thus emission wavelength [54]. A more detailed study of the dependence
of the indium incorporation on the offcut angle has been published recently for both MOVPE
[101] and PAMBE [135]. Furthermore, this effect has already been demonstrated in a LD using
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Figure 2.47: HR-TEM images of a single InGaN QW grown on a mound-regime buffer by
NH3-MBE: (a) The QW follows well the morphology of the underlaying GaN mounds. (b) mag-
nification shows the steps of the underlaying GaN, which creates the local offcut experienced
by the InGaN layer.
a prepatterned substrate: a shift in emission wavelength for LD stripes grown on different
offcut regions on the same wafer was observed [101, 136], with the indium incorporation being
higher for lower offcuts, which corresponds to the top regions on the finger structures. This
agrees well with the emission energy observed by cathodoluminescence [103].
Furthermore, an optical pattern which resembles step-meandering morphology has also been
seen by fluorescence spectroscopy for MOVPE grown MQWs [134], with a brighter emission
observed for the fingers (Fig. 2.46 (c)). However in that study, the emission pattern of the MQW
structure was not stable under TA. This is in good agreement with a slight homogenization of
the indium content upon annealing, which will be discussed in more detail in the next chapter.
Finally, an InGaN QW grown in a layer-by-layer mode on a hillock morphology has been
studied by HR-TEM in this work (Fig. 2.47). Under these conditions, no variation in the QW
thickness was observed. Therefore it is more likely that the variations in emission wavelength
originate from a local offcut dependent indium incorporation, but this may depend on the
growth mode of the QW itself. A flatter surface can correspond to an increased Vg r of the
step-edges, and thus might reduce indium desorption.
Summarizing this part briefly, an alignment of the emission wavelength and intensity with
the finger pattern can be observed. While this correlation has been previously attributed to
variations in the QW thickness, it is more likely to originate from a slight dependence of the
indium incorporation on the local surface misorientation.
The role of the buffer layer morphology for MBE grown QWs
The standard GaN buffer layer for NH3-MBE is grown in the hillock regime. However, as
demonstrated in part 2.3.2, it is also possible to obtain a smoother GaN buffer with finger
morphology when Tg r is increased. A higher In content should be obtained for flatter finger
morphology and the homogeneity of an subsequently grown InGaN layer should be improved,
as it depends on the regularity of the misorientation. A reduction in the PL linewidth and a
redshifted emission energy are therefore expected for QWs grown on a finger-like buffer layer.
The surface morphologies and PL spectra of QWs grown with the same nominal In flux on
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Figure 2.48: 5 x 5 µm2 AFM images of QWs grown on (a) a hillock morphology GaN buffer and
(b) a finger morphology GaN buffer. Their corresponding PL spectra are shown in (c) and (d).
(a) (b)
Figure 2.49: 30 x 30 µm2 RT Fluorescence maps, recorded under high excitation power, of the
InGaN QWs grown on top of (a) a hillock and (b) a finger morphology GaN buffer.
GaN buffer with the two different surface morphologies are displayed in Fig. 2.48. A hillock
morphology is observed when the GaN buffer is grown at 800◦C in (a) and a finger morphology
for the GaN buffer grown at 865◦C in (b). The corresponding 10K PL spectra are displayed in
(c) and (d). The linewidth is reduced and the QW emission is at a lower energy for the sample
grown on the smoother finger morphology. This agrees well with higher In incorporation and
a more homogeneous In distribution. One particularity that should be mentioned is that there
is a slight second peak visible at around 2.4 eV for the sample grown on the finger morphology,
which vanishes quickly when the PL temperature is increased. This transition could possibly
originate from the region between the fingers (the valleys and sidewalls) where the strong
misorientation could locally lead to different indium incorporation. This sample exhibits a
finger-like or dendritic pattern, different to the one grown on a standard hillock buffer. In Fig.
2.49, the RT fluorescence maps of both samples are compared: while no features can be ob-
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served for the sample grown on the hillock buffer, a clear correlation between the morphology
and the QW emission pattern can be seen for the sample grown on finger morphology (as
already shown in Fig. 2.46 (b)).
This supports the correlation between the misorientation and the indium incorporation. In
addition, it indicates that the broad linewidth of high In content QWs grown by NH3-MBE
is partly due to the buffer layer morphology. Switching to a smoother buffer layer should
therefore be beneficial.
Interaction between barrier and QW growth
Smooth buffer layers are especially important for LDs to avoid gain dilution. This is investi-
gated further by studying the morphologies of GaN and subsequent InGaN QWs. Figure 2.50
displays AFM images of the surface morphologies of a smooth HT GaN layer (Tg r = 1050◦C)
grown on sapphire (Fig. 2.50 (a)) and of a 2.5 nm-thick uncapped InGaN QW grown at 840◦C
(Fig. 2.50 (b)) and at 780◦C (Fig. 2.50 (c). The HT GaN morphology exhibits double steps,
typical for GaN. The InGaN QW surfaces consist of steps with single ML height, meaning
the step-density is twice as high. As the presence of indium at the growth front is known to
enhance the diffusion length [137], it is not surprising that it could affect the growth rates of
the different step-edges (which are at the origin of the double steps (part 2.3.3)). In addition,
surface segregation of In could play a role as well. The double or single step nature should
have an impact on the local QW thickness, as schematically described in Fig. 2.51. Note
that it can not be excluded that a surface rearrangement during cooldown takes place and
affects the measured surface morphology. However, ML fluctuations in the QW thickness
have also been observed for capped QWs by atom probe tomography [138]: while a rather
smooth lower interface was observed, the upper interface exhibited ML fluctuations, and it
has been proposed that these well-width fluctuations affect the carrier localization. More
information can be found in the article by Oliver et al. [55]. While the change from double
to single steps could create such fluctuations in the QW thickness, it would also broaden the
(a) (b) (c)
Figure 2.50: 2 x 2 µm2 AFM images of (a) a typical HT GaN buffer layer and an uncapped QW
grown (b) at 780◦C and (c) at 840◦C.
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Figure 2.51: Schematics of the effect of different step height between the bottom GaN layer
(double steps) and the InGaN layer on top (single steps) on the QW thickness. (a) Side view of
the layer and (b) the corresponding QW thickness variation.
(a) (b) (c)
Figure 2.52: 2 x 2 µm2 AFM images of 10 nm of LT GaN grown at 840◦C) on (a) a HT GaN buffer
layer and (b) on top of a QW grown at 840◦C. (c) is a GaN layer grown at 780◦C on top of a QW
grown at 780◦C.
linewidth slightly. Therefore it could be of interest to investigate the kinetics of the InGaN
growth in more detail in a follow-up study.
Note that this investigation is not straightforward. Figure 2.52 compares the surface mor-
phology of a 10 nm-thick GaN layer grown under barrier conditions on top of a smooth HT
GaN layer or on top of the InGaN QWs from Fig. 2.50 (b) and (c), respectively. A pronounced
meandering with strong dislocation pinning is observed for the sample grown on the HT GaN
layer (Fig. 2.52(a)). In contrast, the layers grown under the same conditions with the QW
underneath (Fig. 2.52 (b) and (c)) only exhibit a weak meandering and their morphology is
far less influenced by the dislocations. This might be due to a combination of indium surface
separation or due to a memory effect, as some indium might still be present in the reactor
when growing on top of the QWs. A QW can thus be grown on three types of GaN morphology:
a LT GaN buffer (Fig. 2.52 (a)), a HT GaN buffer (Fig. 2.50 (a)) or a LT GaN buffer itself already
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Figure 2.53: Comparison of the surface morphology with the energy profile for finger mor-
phology. Dislocations are represented as dots. (a) the energy landscape (black) of the finger
morphology; the valleys are surrounded by regions of higher energy (the slopes). (b) the
surface morphology (blue) of the finger structure with the dislocations in the valleys.
on top of a QW (Fig. 2.52 (b) and (c)). This indicates that the morphology of a layer depends
on the underlaying one. The influence of the surface morphology on a QW stack and the
interaction of the QW growth conditions with the subsequent barriers would be an interesting
topic for future investigations.
2.6.2 The effect of the ESB on device performance: self-screening effect
The last major point that should be addressed is how the ESB-induced morphology can affect
optoelectronic device performance. As local variations in indium content tends to lead to
a broadening of the emission wavelength, a smooth starting surface must be preferred for
LDs. Note that TA seems to homogenize the indium distribution in the InGaN QW active
region, leading to a vanishing of the finger-related emission pattern [134]. It means that
for a complete device structure, the growth of the p-type layer might already anneal the
active region and homogenize the InGaN alloy composition, and hence reduce the impact
of the ESB-induced morphology on the final device. While beneficial for lasers, this actually
may reduce the efficiency of LEDs. Indeed the local In composition variations may enhance
carrier localization and thereby the internal quantum efficiency. Another important fact arises
from the finger morphology: the evolution of the fingers leads not only to indium content
variations, but the valleys automatically align to the defects. This alignment is due to the
intrinsic nature of the ESB-induced instability: fingers form by a local enhancement of the
step-edge growth rate, coming from a lateral uphill masscurrent. This causes this growth
regime to be very sensitive to the presence of pinned dislocations, more than the classical step-
flow one. The step-meandering finger can not evolve freely in the presence of dislocations:
therefore, a pinned dislocation limits the step-edge growth rate in the area close to it, thus
forcing the finger pattern to grow around it. As a consequence, the fingers are always between
the dislocation terminations, i.e. dislocations are always located in the valleys. Combined
with the dependence of the indium contents on the local surface misorientation (step-edge
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Figure 2.54: AFM images of GaN grown in the finger regime on GaN-on-sapphire templates
with a similar dislocation density by MBE and MOVPE. In (a) and (b) a 10 x 10 µm2 and 5 x
5 µm2 image of MBE grown GaN is shown. The corresponding 5 x 5 µm2 image for MOVPE
grown GaN is displayed in (c). A clear difference between the interaction of the growth front
with the dislocations can be seen. A higher magnification (2 x 2 µm2 and 4 x 4 µm2) for the
MBE sample is shown in (d) and (e), while a 2 x 2 µm2 one is shown for the MOVPE sample in
(f).
density), this results in a larger bandgap around the dislocations (Fig. 2.53). Excitons are
therefore protected by energy barriers, leading to a self-screening effect (SSE), similar to what
was proposed for v-pits [46]. This effect is not present for smooth morphologies, where the
dislocation are freely accessible. Consequently, non-radiative dislocations are suppressed by
the SSE, hence an improved quantum efficiency is expected for a device grown on such a LT
GaN buffer.
Before continuing to investigate this in more detail, one of the differences between MOVPE
and MBE needs to be highlighted: while the alignment of the finger with the dislocations is
pronounced for MOVPE, this is not the case for MBE, as shown in Fig. 2.54. It seems that
MBE growth conditions make the growth quite insensitive to dislocation pinning. This could
be the reason why it is possible to observe smooth meandering mounds on MBE samples
with a high dislocation density, which seems to be difficult for MOVPE grown ones, where
screw dislocation induced growth spirals would dominate. A tentative explanation could be a
different surface chemistry between the two systems. Nevertheless, the result is that while the
indium incorporation seems to be aligned to the morphology for both growth techniques (see
Fig. 2.46), only MOVPE growth seems to further align the morphology (and thus the indium
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Figure 2.55: Schemata of the simple InGaN single QW LED structure with (a) and without (b)
an 50nm LT GaN buffer.
(a) (b)
Figure 2.56: (a) The central PL peak position is plotted over the temperature for the LED with
and without the LT GaN buffer. The deviation from the corresponding Varshni-fits allows to
compare the localization. In (b) the spectra of both LEDs is shown at 330K. Note that a low
excitation cw HeCd layer pumping into the GaN was used for these measurements.
distribution) to the dislocations. Thus the screening of dislocations (see Fig. 2.53) should
mainly take place for MOVPE samples. To investigate the impact of the surface morphology
on the device efficiency, a single QW InGaN LED structure has been grown by MOVPE on
either a smooth HT GaN layer, or on a HT layer with a 50 nm-thick LT GaN layer (with finger
pattern). A schematic drawing of the structures is displayed in Fig. 2.55. Sapphire was chosen
as a substrate, as the dislocation density is high. The shift of the PL peak position for both
LEDs displays no major difference in carrier localization between the two structures (Fig. 2.56
(a)). This is not unexpected, as the ESB-induced morphology should not affect the InGaN
alloy properties at a local scale when grown on flat surfaces, which dominate the PL spectrum.
When looking at the PL spectra of both devices at 300K (Fig. 2.56 (b)), a slight increase in
the PL intensity is observed for the LED with the LT GaN buffer underneath. However, the
external quantum efficiency, measured by EL, is more relevant for a device. It is enhanced on
the LED with the LT GaN buffer layer (Fig. 2.57). This indicates that patterning of the GaN
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Figure 2.57: External quantum efficiency over voltage for single QW LED structures on a
smooth (black) and on a finger structure (red), grown on sapphire. Note that this measurement
was performed on-wafer with a calibrated Si photo diode.
buffer below the QW can lead to an improved performance. One may speculate that for some
growth conditions the stack of QWs and LT barriers should automatically lead to such an
improvement for the upper QWs.
2.6.3 Overview on the effect of the ESB on devices
The morphology introduced by the ESB at the conditions commonly used for the active region
of indium-rich devices may have a strong impact on the emission characteristics of the device.
The step-meandering morphology of the GaN can be transferred to the light emission pattern,
where both a blueshift [103] and a reduction in intensity [134] is observed from the valley
region between the finger. This can be explained by a local different indium incorporation.
Another possibility for the origin of the different emission wavelength would be local variations
in QW thickness. This seems less likely for the QW conditions investigated here. In both cases,
the lateral emission characteristic is aligned with the fingers and the emission energy is lower
on the finger region. This occurs for samples grown by both MOVPE and MBE.
A second alignment takes place, originating from the intrinsic nature of the step-meandering:
the evolution of the fingers is locally limited around pinned dislocations. Therefore, the
excitons from the finger region will be protected by SSE, increasing the EQE. There is one
important point to make: the interaction of the dislocations with the morphology seems to
depend on the growth mode; this is especially different for MOVPE and NH3-MBE. The step-
meandering that appears for MOVPE GaN at (QW) barrier conditions is strongly affected by the
dislocations, leading to the alignment of the indium content variations with the dislocations
and thus to a SSE. On the other hand, the mound morphology which is commonly observed
for NH3-MBE as well as the finger morphology seem to be independent of the defect density.
Indeed, NH3-MBE fingers interact more weakly with dislocations than MOVPE ones (see Fig.
67
Chapter 2. The kinetic growth regime of GaN
2.54). As a consequence, SSE is not expected to take place in MBE grown samples. This might
be partly responsible for the lower performance of NH3-MBE grown devices. However, another
major difference comes from the different growth conditions of the InGaN layer for the two
systems, which gives rise to a difference in point defect density (see chapter 3). All of the
presented investigation did not study the growth conditions of the InGaN itself. While InGaN
QWs will be treated in the next chapter, the main focus will be on QWs grown in smooth-
layer-conditions (in case of the NH3-MBE samples, RHEED oscillations indicate layer-by-layer
growth mode). Nevertheless, it would be very interesting to study both variations in the QW
growth regime (such as major changes in Tg r or Vg r ) as well as the effect of the ESB on the
InGaN layers themselves in more detail. Together with studying the effects from the growth
of subsequential layers (and a potential annealing), such an investigation should allow a
deepening of the knowledge about the link between physics and device performance.
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MOVPE grown InGaN-based LED devices grown on sapphire or Si can exhibit very high
performance, with an internal quantum efficiency (IQE) exceeding 75 % for low indium
content active regions [139]. However, as mentioned in the introduction, when the indium
content is increased, to achieve green emission, the quantum efficiency drops strongly [13, 15].
Another way to reach green emission could be to take advantage of the internal electrical
field in polar QWs: the larger the QW, the stronger the band bending effect and the larger the
redshift of the QW emission [140]. However, the electron and hole wavefunction overlap is
dramatically reduced, which greatly limits the radiative efficiency [16]. Therefore, thick polar
QWs are not suitable for high efficient LEDs in the green range. Actually, the solution on polar
surfaces is to keep the small well thickness and to increase the In incorporation. In Fig. 3.1,
a simulation of the indium content necessary to obtain a certain wavelength for green LDs
with different QW thickness is presented for both polar and nonpolar orientation (taken from
Avramescu et al. [20]). Note that for non-polar QWs, an even higher indium content is required
[20], as the electric field provides no redshift.
The amount of heat brought to a layer after it has been grown is called thermal budget. It
depends on both the growth temperature and deposition time of the subsequent layers: the
thicker the p-side, the higher the thermal budget onto the active region, since p-type layers
are generally deposited at higher temperatures than those used for QW growth. This thermal
budget can lead to degradation of the QWs and therefore to a decrease of the efficiency of the
devices. Note that the growth of p-type layers is especially crucial for LD structures, since the
claddings are thick. In that context, this chapter discusses the issues encountered when InGaN
layers are exposed to a thermal budget. Their thermal stability and in particular the point
defect formation will be studied in detail. In the first part, MOVPE-grown InGaN QWs are
investigated. The second part will discuss the possibility of using NH3-MBE for indium-rich
InGaN QWs.
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Figure 3.1: Simulation of the indium content and corresponding QW thickness needed for
green LDs, taken from [20]. The arrows indicate the effect of thickness or indium content
variation or the effect from switching between non-polar and polar orientation.
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Figure 3.2: (a) XRD measurement of a 5 QW sample performed to extract the In content and
the periodicity. (b) the 10K PL spectra of this sample.
3.1 High indium content InGaN QWs grown by MOVPE
3.1.1 Growth conditions for indium-rich QWs by MOVPE
For low indium contents, it is common to ramp the growth temperature of the barrier and use
hydrogen, but for high In content, one has to be very careful, as the window to grow In-rich
InGaN alloys is rather sharp and needs to be carefully analyzed. The growth temperature
needs to be reduced to limit the indium desorption, and H2 must be avoided, as it strongly
reduces indium incorporation [128]. In addition, indium-rich InGaN layers are unstable at
high temperatures and Tg r needs to be reduced for the barriers as well as for any subsequent
layers.
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Table 3.1: Parameters of the investigated MOVPE QWs. For series A the horizontal MOPVE
reactor was used, while for series B and C a close coupled showerhead reactor was used.
Series # QWs Tg r In content QW thickness cap layer substrate
A 5 840◦ C 15% 2.5 nm 10 nm GaN sapphire
A 2 770◦ C 25% 2.5 nm 20 nm GaN sapphire
A 2 740◦ C 35% 2.5 nm 20 nm GaN sapphire
B 2 725◦ C 40% 1.5 nm 5 nm GaN sapphire
B 2 725◦ C 40% 2.5 nm 5 nm GaN sapphire
B 2 725◦ C 40% 3.5 nm 5 nm GaN sapphire
C 1 725◦ C 25% 2.5 nm 5 nm GaN FS GaN
C 2 725◦ C 25% 2.5 nm 5 nm GaN FS GaN
C 5 725◦ C 25% 2.5 nm 5 nm GaN FS GaN
In the following, the InGaN QWs that will be investigated afterwards are presented (see Tab.
3.1). The InGaN layers are grown between 840◦C for QWs with 15% In and 725◦C for QWs with
40% In, using a V/III ratio of 1170 and 7530. The different V/III ratios originate from the fact
that some of the QWs have been grown in the horizontal MOVPE reactor (series A), with a V/III
ratio of 1170, and the others in a close coupled showerhead MOVPE reactor (series B and C)
with a V/III ratio of 7530.
To analyze these samples, XRD, PL and HR-TEM were applied to probe the QW thickness,
indium composition and material quality. For instance, in Fig. 3.2 (a) a typical XRD scan is
shown for a MQW with 25% and 5 QWs. The XRD scan indicates a high crystalline quality for
this sample with well-resolved superlattice peaks. With this type of measurement the indium
content in the QWs and the thickness of QWs and barriers can be extracted. In good agreement
with the XRD, the 10K PL spectrum (Fig. 3.2 (b)) shows a narrow linewidth with a FWHM of 51
meV, indicating a very good homogeneity of the indium distribution despite the high indium
content and the number of QWs. In addition, LO-phonon replicas of the InGaN QW peak are
clearly visible [141], a further indication of a high crystalline quality. QWs grown with similar
conditions but with a lower indium content were used in LDs [142, 143] and the performance
of these devices attest the material quality. In order to push the LDs further into the green, the
thermal stability of the QWs is investigated in the following part.
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3.2 Effect of a thermal budget on indium-rich InGaN layers grown
by MOVPE
First, the effect of thermal degradation of QWs is treated and the parameters affecting this
degradation are studied in order to provide a growth condition window for the layers on top of
QWs. In the second part, the interplay between degradation and improvement is studied in
more depth. Further insight on the improvement mechanisms will be presented in the study
of annealed MBE QWs in part 3.4.
3.2.1 Thermal stability of indium-rich InGaN QWs
To study the effects of the thermal budget, three series of samples were grown:
Series A: 2.5 nm thick MQWs with 15%, 25% and 35% indium, grown on sapphire
Series B: MQWs with 40% indium, with a thickness of 1.5 nm, 2.5 nm and 3.5 nm, grown on
sapphire
Series C: 1, 2 and 5 QWs with 25% indium with a thickness of 2.5 nm, grown on FS GaN
Series A allows to study the effect of a different indium content, series B of the QW thickness
and series C of different number of QWs (see Tab. 3.1). In addition, comparing samples from
series A and C allows to gain information about the effect of the substrate (sapphire and FS
GaN, respectively). The growth conditions of the QWs are presented in Tab. 3.1. Note that
the sample series B and C have been grown on another MOVPE reactor (a close coupled
showerhead reactor), as compared to series A. As a consequence, the temperatures presented
in Tab. 3.1 are measured slightly differently (from the backside of the susceptor for series A
and from the top for series B and C), and can not be directly compared. The temperature
of series A should be reduced by roughly 50◦C to be comparable to series B and C. To sim-
ulate the growth of the p-type layers, the samples were annealed for 2h in an HVPE reactor,
under NH3 atmosphere. Five different annealing temperatures (Ta) were applied for each
sample (800◦C, 850◦C, 880◦C, 920◦C and 975◦C). The samples were investigated optically by
low temperature PL, fluorescence and micro-PL measurements. For the low temperature PL
measurements, a cw HeCd laser emitting at 325 nm with an excitation power of 2 mW was
used, the fluorescence was performed using a pulsed Nd:Yag laser emitting at 355 nm, and for
the micro-PL a frequency-doubled Ar laser emitting at 244 nm provided the excitation source.
In addition, HR-TEM and XRD were also performed on a degraded sample.
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Figure 3.3: The 10K PL spectra of series A with (a) 15% In, (b) 25% In and (c) 35% In.
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Figure 3.4: Pictures of the as-grown and annealed samples of series A. The as-grown sample
with 35% In and the corresponding annealed samples for 800◦C, 850◦C, 880◦C, 920◦C and
975◦C are shown on top. The same for the 25% In sample is shown in the middle and for
the 15% sample at the bottom. A guide to the eye (red line) highlights the change in color,
revealing the degraded samples.
Effect of the indium content
Series A was investigated to study the thermal stability against the indium content. First, the
sample degradation is identified by the change in its low temperature PL intensity (at 10K). As
displayed in Fig. 3.3 (c), for the sample with 35% In, very low PL emission is observed when
annealed at 920◦C and even less when annealed at 975◦C. The sample with 25% In (Fig. 3.3
(b)) shows a strongly reduced PL emission only for Ta = 975◦C, while the sample with 15% In
(Fig. 3.3 (a)) exhibits no significant reduction in PL intensity for all Ta . Note that one sample
with 15% In emitts at a different energy, which might be due to wafer inhomogeneity; this
sample is excluded for further investigations. In addition, it should be mentioned that the
annealing affects the PL linewith for the sample with 35% In, which will be discussed in more
detail later. Apart from PL measurements, the degradation is also visible to the naked eye: the
degraded samples appear metallic-like and dark, as can be observed in Fig. 3.4. This change in
the sample color seems to go hand in hand with the reduction in the 10K PL signal of the QW
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Figure 3.5: PL spectra of series B taken at 10K. (a) 1.5 nm thickness, (b) 2.5nm thickness and
(c) 3.5 nm thickness. The inset in (c) shows the as-grown sample for a lower energy range.
QW thickness
1.5 nm
2.5 nm
3.5 nm
as-grown 800°C 820°C 880°C 920°C 975°C850°C
Annealing temperature
Guide to the eye
Figure 3.6: Pictures of the as-grown and annealed samples of series B. The as-grown sample
with 1.5 nm thickness and the corresponding annealed samples for 800◦C, 850◦C, 880◦C, 920◦C
and 975◦C are shown on top. The same - plus an additional annealing temperature at 820◦C
- is shown for the 2.5 nm sample in the middle and for the 3.5 nm sample at the bottom. A
guide to the eye (red line) highlights the color change, revealing the degraded samples.
emission (see Fig. 3.3). To briefly conclude, the QWs with the highest indium content degrade
fastest, which is expected from simple binding energy considerations.
Effect of the QW thickness
To investigate the effect of the QW thickness on the thermal stability, samples with a high
indium content (series B) were chosen, as the degradation appears faster. Fig. 3.5 presents the
PL spectra of these samples, recorded at 10K. It should be noted that there are two different
emissions visible in Fig. 3.5: the intrinsic QW emission (indicated by an arrow) and a broad
yellow band around 2.2 eV, which is the so-called yellow band (YB). It is commonly found in
GaN and is related to defects in the GaN [144, 145]. The QW emission is shifting towards lower
energy with increasing QW thickness (Fig. 3.5 (a) and (b)) due to the quantum-confined Stark
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effect. For this series B, the yellow band luminescence is strong, and the QW emission, falling
within the same energy range, is rather weak. It is only distinguishable for the 1.5-nm-thick
sample and faintly for the 2.5 nm one. For the 3.5 nm sample, the QWs should emit at even
lower energy; however, no luminescence is observed (see the inset of Fig. 3.5 c). The loss of
10K PL intensity can thus only be evaluated for the 1.5-nm- and 2.5-nm-thick QWs: the PL
emission exists until 850◦C for the thinner sample and until 800◦C for the 2.5 nm thick one. As
for series A, a correlation between the degradation and the change in the visual appearance
of the QWs is clearly observed. The visual change agrees well with the observations from the
10K PL intensity: thicker QWs degrade faster. This could be due to a larger amount of indium
atoms in the QW or due to an increase in the elastic energy, which depends on both the indium
content (difference in lattice parameter) and layer thickness.
Effect of the number of QWs
:
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Figure 3.7: PL spectra of series C taken at 10K. The spectra of sample with the single QW are
displayed in (a), the spectra for the DQW sample in (b) and the spectra for the sample with
five QWs in (c). The indium content is 25% and the QW thickness is 2.5 nm for all samples.
To differentiate between the possible effects of the amount of indium in the QWs and the
elastic energy, series C is investigated. The amount of indium in a QW remains unchanged,
while the elastic energy increases with the number of QWs. In Fig. 3.7 the 10K PL spectra of
the as-grown and annealed samples of series C are displayed. Note that the emission energy
is higher for the SQW sample despite nominally the same growth conditions. This might be
due to a delayed In incorporation, or slight variations in Tg r . The PL intensity is reduced for
all samples annealed at 975◦C. When annealed at 920◦C, the reduction of the PL intensity is
stronger for 5 QWs than for 2 QWs. On the contrary, the PL intensity is actually increased for
the SQW and slightly less for the DQW sample. In addition, the peak position seems to shift.
This will be discussed in part 3.2.4. Nevertheless, when looking at the reduction in the 10K PL
intensity, it can be concluded that the number of QWs affects the degradation threshold: more
QWs implies a slightly faster degradation. This might be due to the increase in elastic energy.
In Fig. 3.8 pictures of the samples are displayed. Here, it needs to be noted that the link of
the changed color with the 10K PL intensity reduction can not be maintained. The change
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Figure 3.8: Pictures of the as-grown and annealed samples of series C (grown on FS Gan). The
as-grown sample with one QW and the corresponding annealed samples for 800◦C, 850◦C,
880◦C, 920◦C and 975◦C are shown on top. The same is shown for the two QWs sample in the
middle and for the five QWs sample at the bottom.
in color appears stronger for the DQW sample annealed at 920◦C than for the corresponding
sample with 5 QWs, and the degraded sample with 1 QW shows a normal color. This could be
tentatively explained by an effect of the TA procedure on the FS GaN.
Parameters that affect the degradation
It is time to take a closer look at the parameters affecting the degradation. An increase in In
content, QW thickness and number of QWs all reduce the annealing temperature at which the
PL signal degrades. Apart from the binding energy, which depends on the indium content, the
elastic energy and the total amount of indium atoms might affect the degradation. In addition,
it has been reported that the dislocation density seems to play a role as well [16], but the role
of dislocations is discussed later, when the origin of the degradation is treated. Other potential
parameters are the homogeneity of the InGaN layer and its growth temperature (see part 3.4).
In addition, it has been reported that AlGaN barriers can improve the thermal stability of
InGaN QWs [146].
To differentiate between to different parameters investigated so far, they are plotted over the
annealing temperature to probe their correlation with the degradation. Fig. 3.9 (a) shows no
clear correlation between the degradation of the PL signal and the elastic energy. Therefore
it is unlikely that an increase in elastic energy is the main cause of the reduced thermal sta-
bility. Note that the influence of the substrate has been neglected, as it should not strongly
affect the elastic energy. In Fig. 3.9 (b) the total amount of indium per QW is investigated.
A better correlation between the amount of indium atoms and the degradation threshold
is observed. One deviation from the trend can be seen for the DQW sample with 40% and
a QW thickness of 1.5 nm, which degrades much faster than the others. Such a deviation
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Figure 3.9: Parameters affecting the degradation over the annealing temperature. (a) elastic
energy, (b) amount of indium atoms per QW and (c) indium content in a QW. Samples with
normal QW emission are in black, degraded samples in red. One sample is partly degraded
(25% In, 5 QWs, Ta = 920◦C and displayed in green. The degraded samples with 40% In and 2.5
nm and 3.5 nm annealed at 850◦C are shown in violet circles for (c) when they overlap with an
undegraded sample. Trends are indicated by dotted lines.
could originate from a lower material quality for such high indium content, such formation of
misfit dislocations or a inhomogeneous indium distribution, which are also likely to affect the
degradation. A similar and even stronger correlation is observed when the indium content
dependency is analyzed (Fig. 3.9 (c)). Therefore it can be concluded that lower binding en-
ergy due to higher indium content seems to be the main origin of the reduced thermal stability.
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Figure 3.10: PL spectra of the DQW samples with 25% In taken at 10K pumping into the GaN
barriers with low excitation power. (a) grown on sapphire and (b) grown on FS GaN.
Effect of the substrate
To probe the role of the substrate, the DQWs with 25% In grown on sapphire (series A) and on
FS GaN (series C) are compared. Their 10K PL spectra are displayed in Fig. 3.10. It can be seen
that there is a slight improvement in PL intensity for the sample grown on FS GaN (until Ta =
850◦C) but not for the one grown sapphire. In addition, it exhibits a reduced PL intensity for
Ta = 920◦C, which is not the case for the DQW grown on sapphire. This difference could either
be due to a faster degradation on FS GaN, or to a different sensitivity to the degradation for
the FS GaN sample. The different cap layer thickness could also play a role. These differences
will be discussed in detail in part 3.2.4. Focusing on the degradation of the 10K PL emission,
no major difference between the samples grown on sapphire and FS GaN has been observed.
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Figure 3.11: 60 x 60 µm2 RT fluorescence maps of as-grown and annealed InGaN DQWs grown
by MOVPE. (a)-(f) show a DQW with 35% In and (g)-(l) a 25% In DQW, both grown on sapphire.
(m)-(r) correspond to a DQW with 25% In grown on FS GaN.
3.2.2 Investigation of the degradation
In this part, the focus will be on the sample degradation. First, fluorescence measurements
are presented. This measurements are then correlated to PL and micro-PL measurements.
Finally, XRD and HR-TEM analysis allow to discuss the origin of the degradation in more detail.
Dark spots
One feature of the degradation of InGaN QWs is the appearance of dark spots in fluorescence
maps [146, 147]. These dark spots have been attributed to non-radiative centers created by
the diffusion of indium towards dislocations [147] or v-pits [16]. Annealed samples have been
investigated by fluorescence measurements at RT. The fluorescence maps of three DQWs are
presented in Fig. 3.11 (as-grown and after TA). First, one can see that no dark spots appear
in the sample grown on FS-GaN (3rd line). However, its intensity becomes really low for Ta
> 920◦C. This is in line with the observations from the LT PL data (Fig. 3.7 (b)), where no
emission is observed for Ta = 975◦C. For the samples grown on sapphire, dark spots appear as
early as 880◦C for the sample with 35% indium and at 920◦C for the one with 25% In. Their
size and density increase when increasing Ta . For a better quantification, the samples in Fig.
3.11 (d), (e) and (k) are highlighted by an adjusted color map (Fig. 3.12). It can be clearly seen
that the proportion of dark spots increases with higher Ta , or for higher indium content at the
same Ta . These results are in good agreement with the observations of Queren et al. [146, 147]
who used a lower indium content but a higher Ta above 1000◦C. Therefore, correlating the
dark spots with the change in color and PL emission seems reasonable.
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Figure 3.12: 60 x 60 µm2 RT Fluorescence maps of InGaN DQWs grown on sapphire by MOVPE.
A DQW with 35% In annealed at (a) 880◦C and (b) 920◦C and a DQW with 25% In annealed at
(c) 920◦C are displayed. (d)-(f) the colormap has been adjusted to highlight the dark spot area.
Blue luminescence peak in the degraded samples
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Figure 3.13: 10K PL spectra of samples with (a) 35% In and (b) 15% In for different Ta .
When looking at the PL spectra of the samples with dark spots in more detail, a second peak
can be observed at ≈ 2.75 eV, as shown in Fig. 3.13 (a) for the DQW with 35% In. This peak at
about 2.75 eV will be referred to as blue luminescence (BL). It is worth noting that its position
seems to vary slightly for the different samples: values between 2.85 eV and 2.67 eV were
observed. This BL is also present in the completely degraded samples. When the annealing
temperature is reduced, this BL peak vanishes and is already no longer present in PL for Ta
≤ 880◦C. When looking at the sample with 15% (Fig. 3.13 (b)), this peak is not observed not
even when the sample is annealed at 975◦C. Therefore, this peak might be correlated to the
degradation of the InGaN QWs. The energy of the transition, above the QW and below the
GaN, could make one think about a deep level in the GaN. However, since it only appears in
annealed InGaN QWs with a high indium content that are degraded, it should be correlated to
the degraded InGaN alloy.
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(a) (b)
Figure 3.14: Spectra taken with the micro-PL setup for the sample with 35% In annealed at
920◦C at RT. (a) a typical spectrum of a non-degraded area is displayed, (b) a typical spectrum
taken at a dark spot location. The sharp lines seen around 2 eV and 2.5 eV originate from the
Ar-laser.
(a) (b)
Figure 3.15: 30 x 30 µm2 micro-PL intensity maps of the sample with 35% In annealed at 920◦C
at RT. (a) intensity of the QW peak (2.3 eV), (b) intensity of the peak at 2.75 eV.
To analyze this BL in more detail, micro-PL has been performed. In Fig. 3.14 two single spectra
are presented for the DQW sample with 35% In annealed at 920◦C. In Fig. 3.14 (a), a typical
spectrum from a region in between the dark spots is shown. At this position, the sample
exhibits a sharp and non degraded QW emission. However, the QW emission is strongly
reduced by about two orders of magnitude in the dark spot region (Fig. 3.14 (b)). In addition,
the peak at 2.75 eV is observed with a higher intensity than the QW peak itself (at this spot).
Therefore, micro-PL allows to differentiate between the areas of normal QW emission and
the blue luminescence regions. In Fig. 3.15, 30 x 30 µm2 micro-PL mappings of this sample
with 1 µm steps is presented. It can be seen that the BL at 2.75eV only originates from some
regions. It is reasonable to attribute the BL area in to the dark spots observed by fluorescence
(Fig. 3.12 (b)). The QW as well as the overall emission from this region is strongly reduced,
thus it appears darker compared to the regions around it. However, in this region the 2.75 eV
peak is the most intense, which again means the BL is linked to the dark spot area.
81
Chapter 3. Indium-rich InGaN quantum wells
(a) (b)
Figure 3.16: PL spectra taken at low excitation power pumping into the GaN. (a) The PL spectra
of the DQW sample with 25% grown on FS annealed at 920◦C are displayed for different
temperatures. In (b) the BL peak is highlighted.
3.2.3 Origin of the blue luminescence
The BL peak is also observed for samples grown on FS GaN, as shown in Fig. 3.16 for a DQW
sample with 25% In annealed at 920◦C. The BL is highlighted in Fig. 3.16 (b). It can be seen
that it exhibits a redshift with increasing temperature. The shift of the peak position of the QW
and the BL are displayed in Fig. 3.17 (a). The BL shifts a bit slower than the QW. In Fig. 3.17 (b),
the normalized integrated PL intensity of both peaks is shown as a function of the temperature.
The QW peak quenches faster with the temperature. Fitting the curves with two exponentials
allows extraction of an activation energy (Ea) of 16 meV and 59 meV for the QW peak and 25
meV and 179 meV for the BL peak. When looking at the excitation power dependence of the
BL (Fig. 3.18) at a dark spot position (using micro-PL), no shift in the peak position is observed.
This could indicate a deep level being involved. It could thus be likely that the BL is related to a
localized defect that appears after annealing in certain areas (dark spots). The dark spots have
been tentatively attributed to indium diffusion towards dislocations [16]. However, the 2.75 eV
peak is also observed on samples grown on FS GaN, where the dislocation density is much
lower. In addition, it is worth mentioning that the dark spot density on the samples grown on
sapphire is far below the dislocation density. Therefore, it can be assumed that dislocations
are not the main origin of the dark spots.
To gain further insight on the possible origin of the BL peak, HR-TEM was performed on the
35% In DQW sample annealed at 920◦C. The as-grown reference and the annealed sample are
displayed in Fig. 3.19. White and dark spots are observed for the annealed (and degraded)
samples; white spots have been attributed to metallic indium clusters (by EELS) and dark
areas to voids. Similar observations have also been reported by other groups for InGaN QWs
[148, 149, 150]. The appearance of metallic indium clusters is not unexpected. The bond
between indium and nitrogen is weaker that the one between gallium and nitrogen [151], and
should thus break more easily, allowing the formation of metallic indium clusters.
If indium clusters form, a strong structural degradation should be observable by XRD. In Fig.
3.20, an omega-2theta XRD scan of the DQW samples with 35% In grown on sapphire is shown
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(a) (b)
Figure 3.17: Sample with 25% In grown on FS GaN. (a) peak position vs temperature and (b)
integrated PL intensity vs temperature. Varshni plots and arrhenius fits are indicated by dotted
and full lines, respectively.
Excitation power
Figure 3.18: PL spectra of the 35% In DQW sample taken at different excitation powers with
a spotsize of about 1 µm2, which leads to excitation power densities from 200 W /cm2 to 48
kW /cm2 (when the transmission of the microscope objective is taken into account). Note
that the 2.5 eV emission comes from scattered laserlight from the cw Ar laser used to pump
into the GaN.
for the as-grown reference and annealed samples. It seems that the TA has already some effect
at 800◦C. The shift of the SL0 peak, highlighted by the dotted line, indicates a reduction in
the average In content, which is likely due to out-of-plane diffusion. In addition, the shift
of the superlattice peaks indicates a loss of interfaces. Note that the XRD is not sensitive to
local variations in the indium content. However, the loss of interface indicated by the XRD
measurement is in good agreement with the results from HR-TEM.
The possible origin of the BL needs to be discussed in more detail. BL in the 2.75 eV energy
range is observed in undoped GaN, as well as in Mg- (and Zn-) doped GaN [144]. Note that a
similar peak, at 2.65 eV, was also reported for InGaN QWs annealed for over 8h at 950◦C [152],
together with the appearance of In-rich clusters. In a follow up study, this peak was tentatively
attributed to gallium vacancies [148], but emission in this energy range is commonly attributed
to other defects [144]. In the following, the likelihood of the different potential origins will be
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Figure 3.19: HR-TEM image of the 35% In DQW sample (a) as-grown and (b) annealed at
920◦C. The white spots corresponds to metalic indium clusters (by EELS), while the dark areas
have been tentatively attributed to voids. The data is by courtesy of Francesco Ivaldi and Dr.
Slavomir Kret (IFPAN, Poland).
discussed:
(a) Impurities, such as Zn, which could cause BL are unlikely, due to the fact that the peak is
visible in completely degraded InGaN QW samples grown by two different MOVPE reactors as
well as by the MBE reactor (not shown here). In addition, the BL is not observed in as-grown
samples.
(b) Plasmonic effects could potentially be involved, as metallic indium clusters are observed
by HR-TEM. Some plasmonic effects have been reported e.g. for In clusters in InN [153].
However, after a small calculation, the clustersize observed by HR-TEM is nearly an order of
magnitude smaller than what would be needed for an emission at 2.75 eV. In addition, metal
nanoparticle size fluctuations should lead to variations in the peak position. However, only
broad peaks without strong variations in peak position have been observed using micro-PL.
Thus plasmonic effects of the nanoparticles are not likely to be responsible for the BL at 2.75
eV. However, the metallic In clusters could be indirectly responsible: their formation goes hand
in hand with the breaking of the In-N bond. In the degraded areas, there should be Ga with
dangling bonds (nitrogen vacancies, VN ), as well as additional nitrogen (nitrogen interstitials).
But interstitials are supposed to be very mobile already in a temperature range of about 200◦C
[154], and can thus be expected to have already diffused out during the TA step. Three other
effects could however occur:
(c) Oxygen is a common impurity and could diffuse to Ga dangling bonds created during TA.
On a nitrogen position, it is a shallow donor [155] with a low formation energy [156]. Oxygen
was proposed to be responsible for BL observed in etched GaN [144, 157]) and could thus
potentially cause BL in the degraded InGaN region.
(d) Gallium vacancies (VGa) were proposed before to be at the origin of the BL in degraded
InGaN QWs. VGa are supposed to have a transition in the right energy range (at 0.64 eV above
the valence band)[144]. It should be mentioned that the BL peak observed for degraded InGaN
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Figure 3.20: XRD curve of the DQW sample with 35% In (from series A) for as-grown and
annealed. The superlattice peaks are indicated, and a guide to the eye (dotted line) shows the
evolution of the SL0 peak.
samples [152] could be suppressed when the TA is performed under nitrogen and gallium
overpressure [148] and that the BL is normally not linked to VGa [144]. Another option is more
likely:
(e) VN should appear around the metallic In clusters. They are supposed to be deep donors
with an energy level at around 0.59 eV above the valence band maximum [154]. The observed
BL peak is around 0.6 eV below the GaN emission, and could thus correspond to a transition
involving VN . Consequently, nitrogen vacancies are good candidates to explain the BL peak. In
fact, similar BL has been observed for Mg-doped GaN, and attributed to VN related transitions
[144, 158]. More information about BL from Mg-doped GaN can be found in the review from
Reshchikov and Morkoc [144]. Note that the formation energy of VN is strongly reduced in
Mg-doped GaN, making them common defects there. This is different to the degraded InGaN
QWs, where VN would be mainly created post-growth during the formation of the indium
metal clusters; nevertheless, BL could originate from VN in both cases.
To summarize, BL at 2.75 eV is observed for the degraded samples. This peak is linked to
the degraded areas observed by micro-PL. HR-TEM indicates the appearance of metallic In
clusters in those samples. There is probably an intermediate state where the interfaces start to
disappear and In-rich clusters form, as indicated by XRD. The peak at 2.75 eV could originate
from the breaking of the In-N bond leading to the formation of nitrogen vacancies, gallium
vacancies, or possibly gallium oxide. While all three have been attributed to BL, a transition
involving nitrogen vacancies seems to be the most likely explanation for the peak at 2.75 eV.
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3.2.4 Improvement in QW luminescence of indium-rich InGaN QWs by thermal
annealing
Annealing is used in many semiconductor systems to improve the material quality. While
the thermal instability of In-rich InGaN alloys might be detrimental for InGaN-based devices,
there is a window where thermal treatment can have a beneficial effect.
In an earlier study, Chuo et al. annealed InGaN QWs grown by MOVPE at 750 ◦C with a nominal
thickness of 40 Å and a nominal indium content above 40% [159]: the authors observed an ho-
mogenization of the QW upon annealing at 900◦C for 10 minutes under N2 atmosphere. Their
QWs turned from islanded to a more homogeneous layer. In addition, this homogenization
was accompanied by an increase in the integrated PL intensity at 25K, a reduction in FWHM
and a blueshift of the emission peak. In a follow-up study, they showed that this improvement
was enhanced with increased annealing duration [160]. It is worth to mention that the cap on
top of their active region was only 40 nm thick. Consequently, overgrowth did not impose a
strong thermal budget on the underlaying QW region. A similar improvement was observed by
Wang et al. [161] for InGaN QDs grown by MOVPE: when annealed at 775◦C for 20 min in N2
atmosphere, an improvement in EL as well as a blueshift were observed. At high Ta , in their
case 830◦C, the EL intensity decreases again and the FWHM reduces. This was attributed to a
shrinking of the QD size and an eventual mergence into the wetting later. Therefore, thermal
annealing seems to lead a homogenization of the indium content, which could be beneficial
for QWs. Apart from possible indium homogenization, TA could also be beneficial for a defect
curing process (discussed in more detail in part 3.5).
Beneficial effects of thermal annealing on indium-rich QWs grown by MOVPE
In Fig. 3.21, the spectra of the DQW sample with 35% In grown on sapphire are displayed at
different temperatures. In Fig. 3.21 (d), the integrated PL intensity has been calculated and
normalized to the as-grown intensity (at 10K and 70K). It can be observed that before the
sample gets degraded (800◦C ≤ Ta < 920◦C), the intensity at 10K is nearly constant. However,
the PL emission at 70K is increasing for annealed samples until Ta = 880◦C. In particular, the in-
tensity is the most intense for the sample annealed at 850◦C). This can be explained keeping in
mind the common assumption that the LT PL should not be sensitive to non-radiative defects.
Hence, non-radiative defect curing by TA should not be observed at 10K. On the other hand,
when the temperature is increased, the PL becomes more sensitive to non-radiative channels,
and any improvement in the material quality will then affect the PL intensity. The behavior of
the sample annealed at 920◦C highlights another interesting point. At 10K, the emission of that
sample is very low (Fig. 3.21 (a)), in good agreement to the dark spots observed by fluorescence
(see Fig. 3.12 (b)), which indicates that only a minor part of the initial QW area is emitting.
However, at 150K, the sample becomes more intense than the as-grown one (Fig. 3.21 (d)),
whose QW emission has vanished into the yellow band. Since in this temperature range the
non-radiative channels dominate, this increase in intensity is attributed to an improvement
86
3.2. Effect of a thermal budget on indium-rich InGaN layers grown by MOVPE
:
(a) (b)
(c) (d)
as-grown
Figure 3.21: PL spectra of the DQW with 35% In as-grown and annealed taken at different tem-
peratures. The spectra are shown at (a) 10K, (b) 70K and (c) 150K. (d) normalized integrated PL
intensities of the annealed samples for 10K and 70K. Note that the intensities were normalized
to the as-grown intensity.
of the material quality in the remaining QW area. Therefore, it can be concluded that two
competing mechanisms govern the behavior of the QW during TA. At a low Ta , the material
quality is improved, while at a higher Ta , the QW starts to degrade with the appearence of dark
spots, indicating a loss of QW area. Thus there is an optimum Ta where the PL emission from
the QWs is maximized. Investigating the sample with 25% In grown on sapphire that degrades
at a higher Ta allows one to further extend the temperature range. In particular in Fig. 3.22
it can be seen that the as-grown QW emits up to room temperature. The sample annealed
at 975◦C is degraded and only exhibits a very feint QW emission. It will not be treated in the
following discussion.
At 10K, all samples emit within the same order of magnitude. In Fig. 3.23, the integrated
luminescence intensity of the annealed samples is plotted for several measurement tempera-
tures. In each case, the values are normalized to those of the as-grown sample at the same
temperature. One can see that the PL signal of the annealed samples is more intense when
increasing the PL temperature. For a given PL temperature, the maximum of intensity occurs
for a certain Ta . In particular, below 150K, the most intense sample is the one annealed at
880◦C. On the other hand, above 150K, it is the one annealed at 850◦C. To understand the
change in the annealing temperature for which the maximum PL intensity is reached, the
interaction of the carriers with the dark spots has to be taken into account. While excitons
are localized at low temperatures, they become mobile as the temperature increases. With a
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Figure 3.22: PL spectra of the DQW with 25% In as-grown and annealed taken at different
temperatures. The spectra are shown at (a) 10K, (b) 70K, (c) 150K,(d) 270K and (e) RT.
larger diffusion length, the probability to encounter non-radiative recombination centers that
are located at a dark spot is increased. The change in the optimum Ta is therefore tentatively
attributed to a balance between the increase of the material quality and the enlargement of
the dark spot areas with the temperature. Another interesting fact is deduced when comparing
the maximum improvement for different indium contents. As seen in Fig. 3.23, the intensity
of the sample with 25% In annealed at 850◦C increases by a factor of 1.15 at 150K, while for
the sample with 35% In annealed at the same Ta (see Fig. 3.21), the increase in intensity
reaches a factor of 2.3 at 70K. For the sample with 15% In, no significant improvement in PL
intensity was observed for the investigated range of Ta . Therefore, it seems that the magnitude
of improvement not only depends on Ta , but also on the indium content. This might be due
to the lower growth temperatures needed for the higher In content, which can increase the
point defect density. This will be discussed in more detail later on.
To summarize, an increase in PL intensity can be observed upon thermal annealing of In-rich
InGaN QWs. However, at high annealing temperatures, the degradation dominates. An op-
timum Ta exists where the strongest PL emission can be achieved, which depends on the
indium content: the higher the indium content, the higher the improvement and the lower
the optimum Ta .
Effect of TA on the linewidth and peak position
Apart from affecting the PL intensity, the TA can also affect the PL linewidth: looking at the
sample with 35% In (Fig. 3.21) the PL linewidth is reduced upon annealing at 800◦C, which can
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as-grown
Figure 3.23: The improvement in integrated PL intensity of the QW peak of the annealed as
compared to the as-grown sample over Ta for the DQW with 25% In grown on sapphire for
different temperatures.
(a) (b)
Blueshift
Redshift
Figure 3.24: PL data of the QW with 35% In as-grown and annealed is displayed. In (a) the
linewidth of the QWs at 10K is shown. In (b) the blueshift of the PL peak at 10K is displayed.
be already observed at 10K (Fig. 3.24 (a)). This could originate from a homogenization of tiny
indium-rich clusters in the QW, similar to what was observed for InGaN QDs [161]. However,
when Ta increases above 800◦C, the linewidth broadens, probably due to a degradation of
interfaces leading to variation in the QW thickness, in agreement with the XRD analysis (Fig.
3.20). In addition, a blueshift is observed upon annealing at Ta =800◦C (Fig. 3.24 (b)), which is
in agreement with the homogenization of tiny indium-rich clusters. The redshift that occurs
for Ta ≥850◦C can be explained by the beginning of indium clustering, as it is accompanied by
an increase in linewidth.
Effect of the substrate
QWs grown on FS GaN also exhibit the same improvement, but it is more difficult to assess.
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Figure 3.25: PL spectra of the DQWs with 25% In grown on FS-GaN as-grown and annealed. The
spectra are shown for 1 QW, 2 QWs and 5 QWs in (a)-(c) at 70K and (d)-(f) at 10K respectively
as comparison.
Using low excitation power, the PL emission of indium-rich InGaN QWs grown on FS GaN
quenches quickly with rising temperatures and vanishes into the yellow band. At intermediate
temperatures however, e.g. at 70K, the PL intensity is increased for some Ta . In Fig. 3.25 the
10K and 70K spectra of the InGaN QWs grown on FS GaN (series C) are displayed. Note that
one SQW sample seems to have a different emission energy, which could be due to wafer
inhomogeneity. The PL intensity of the samples annealed below the degradation threshold
(defined by the loss of the QW emission at 10K) is increased with respect to their as-grown
reference samples at 70K. In addition, the optimum Ta at 70K shifts from 880◦C for 2 QWs to
850◦C for 5 QWs, as expected from the thermal stability study presented earlier. Thus, they
follow the trend of the samples grown on sapphire.
However, the increase in PL intensity after annealing with respect to the as-grown intensity
is much more pronounced for the SQW and DQW sample than for the MQW one. This is
explained in the following.
Self-annealing during MQW growth
Series C also allows to investigate the role of self-annealing that takes place during MQW
growth. During the growth of the upper QWs, the first QW is kept at the growth temperature
and thus the thermal budget induced on the first QW increases with the number of subsequent
QWs. The 10K PL emission of the as-grown references of series C and the samples annealed
at 850◦C are shown in Fig. 3.26. As already mentioned, the SQW sample exhibits a slightly
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Figure 3.26: PL spectra of the QWs grown on FS-GaN at 10K. (a) As-grown and (b) annealed at
850◦C.
lower In content, which could originate from a delayed In incorporation or slight variations in
Tg r . However, a clear intensity difference between the as-grown samples with one, two and
five QWs is observed. This intensity difference is likely to originate from thermal annealing of
the lower QWs during growth of the upper ones. After annealing, the difference in intensity
between 5, 2 and 1 QWs is decreased, meaning that the sample with 5 QWs has improved less
than the two other ones. If it would be due to the number of QWs, the intensity ratio should
be independent of Ta . If the thermal budget induced during growth improves the material
quality, the MQW stack could be considered as already annealed and should thus display a
smaller improvement than the SQW or DQW upon an additional TA. Indeed, the PL intensities
of the three samples are much closer after the TA. Therefore, it can be assumed that a part of
the different efficiency between SQWs and MQWs comes from a self-annealing of the QWs
during the growth of the MQW stack.
Localization
It is interesting to note that the improvement of the QW quality with TA is already observed
at 10K for the samples grown on FS GaN. This could mean that the assumption of a 100%
radiative emission at 10K is probably not correct even for low dislocation densities. Instead,
the shallow localization in the FS GaN samples could make them more sensitivity to non-
radiative channels. This could explain the difference in PL intensity at 10K for the DQWs grown
on sapphire and FS GaN when annealed at 850◦C (see Fig. 3.10). As mentioned before, the
samples grown on FS GaN exhibit a lower PL linewidth than the samples grown on sapphire.
For comparable samples, the PL linewidth of a DQW with about 25% In grown on FS GaN is
about 51 meV, while the one for sapphire is about 88 meV at 10K. This reduced linewidth for
QWs grown on FS GaN is explained by a more inhomogeneous indium distribution than in the
InGaN QW grown on sapphire. As indicated by Fig. 3.27, the redshift with temperature of the
sample on FS GaN seems to be very small compared to the one on sapphire. The latter exhibits
a strong S-shaped behavior which is commonly observed for such QWs. This supports a better
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Figure 3.27: PL spectra at different temperature of the as-grown DQWs with 25% In grown on
(a) sapphire and (b) FS-GaN. Note that low excitation power was used to pump into the GaN.
While the range from 10K to 330K is presented for (a), in (b) the temperatures above 180K are
not shown.
Figure 3.28: Central QW peak position over temperature for the DQWs with 25% In grown on
FS-GaN and sapphire. To compare, the varshni-fits are indicated by lines. Note that the peak
position is only displayed until it is distinguishable from the yellow band.
alloy homogeneity for samples on FS GaN.
3.2.5 Summary and outlook for applications
Thermal stability is one of the main remaining issues for high indium content QWs grown by
MOVPE. This issue is linked to the defect density and homogeneity of the layer. As shown in
part 3.2.1, the degradation takes place for both samples grown on sapphire and on FS GaN,
indicating that while dislocations might enhance the degradation, they are not necessary. The
degradation is indium content related, and increases with rising QW thickness or the number
of QWs. It seems to depend mainly on the indium content and amount of In atoms available,
while a difference in elastic energy seems to have only a minor effect. However, the material
quality seems to play a role as well.
For low indium content QWs, no degradation was observed for the thermal budgets studied
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here. On the other hand, for a high indium content, a nearly complete degradation could
be observed not only by a loss of PL emission, but also by a visual change in the color of a
sample. This change probably originates from the appearance of dark spots that are visible
by fluorescence and resolved by micro-PL measurements. At the dark spots, a secondary
emission peak is measured in micro-PL at 2.75 eV. This peak is also visible in the degraded
and partly degraded samples at lower PL temperatures. However, this peak is not observed for
non-degraded samples, even when annealed at the same temperatures. A similar peak has
been observed in the literature for degraded InGaN [148]. The peak position remains with
varying excitation power, and HR-TEM investigations show the appearance of metallic indium
clusters and voids in the QW layers. It is thus likely that the peak is related to VN transitions,
created by the formation of the metallic indium clusters.
At the same time, at moderate Ta , an improvement of the luminescence properties takes place.
This improvement is only minor, apart from the sample with 35% indium. The TA can reduce
the linewidth, but also increases the PL intensity when non-radiative recombinations play a
role. Such an annealing already takes partly place when growing a MQW structure, where the
upper QWs can introduce a beneficial thermal budget on the lower ones; the same should
hold true for the growth of a p-type layer (unless its thermal budget degrades the QWs).
There are possibilities that should reduce the sensitivity of the InGaN QWs to the thermal
budget up to a certain degree, such as playing with the barrier material (AlGaN barriers seem
to reduce the indium diffusion [146]), varying the growth conditions (e.g. Tg r of the QWs could
affect this) and reducing the defect density. Within some limits, optimized growth conditions
and design of the device can thus enable to fabricate indium-rich devices despite the issue
of thermal degradation. Such approaches are used for commercial devices [147]. However,
these options seem only valid for a not too high indium content. For higher indium content,
there is no other option than reducing the temperature of the top layer, which requires a good
p-type layer grown at much lower temperature than commonly used. However, as the growth
window to grow a good p-type layer by MOVPE is more limited than for MBE, MOVPE might
not be the optimum growth technique for very high indium content based devices.
To briefly summarize, the following points should be taken into account for designing indium-
rich InGaN based devices:
(i) High indium content QWs may degrade before it can be resolved by fluorescence measure-
ments.
(ii) To avoid the degradation of DQWs with 25% indium, the Tg r of the p-type / cladding layer
should not exceed 850◦C. Low temperature p-type is thus essential for indium-rich QWs. For
an even higher indium content, a lower Tg r of the p-type layer should be necessary.
(iii) Thinner QWs are more stable than thicker ones, but since the number of QWs has also a
detrimental effect, a balance needs to be found to have a good active medium.
(iv) After growing the QW active region, especially with a single QW, a short TA step before the
low temperature p-type growth may increase the efficiency. Note that the TA step should be
performed prior to the p-type layer to avoid any potential Mg migration into the active region.
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Indium at QMS
Figure 3.29: The ammonia efficiency (taken from Mesrine et al. [167]) and the indium desorp-
tion measured by QMS are displayed over the temperature.
3.3 High indium content InGaN QWs grown by NH3-MBE
Even though most commercial nitride-based optoelectronic devices are grown by MOVPE,
MBE can be an alternative solution for low temperature growth. Indeed, the MOVPE growth
window for the best p-type material is at a temperature range (900◦C - 1000◦C) that can already
degrade underlaying In-rich InGaN QWs. NH3-MBE allows to fabricate high quality p-type
GaN at much lower temperatures, e.g. at 740◦C [62]. This temperature is low enough to
minimize the thermal budget which leads to the degradation of In-rich InGaN layers. More
information about p-type GaN by NH3-MBE can be found in the articles by Dussaigne et al.
[62] or Hurni et al. [63]. However, at this low Tg r the material quality is lower, especially of the
active region. As a general feature, the material quality drops when Tg r is reduced [162].
In this part, issues of indium-rich InGaN alloys grown by NH3-MBE will be treated. First,
the indium desorption and NH3-efficiency are discussed, and growth conditions to achieve
In-rich InGaN alloys presented. Finally, the effect of thermal annealing on MBE grown QWs is
investigated.
3.3.1 Indium desorption and NH3 efficiency
To avoid indium desorption, InN and thus high indium content InGaN layers need to be grown
at temperatures near or below 550◦C [163, 164, 165, 166]. To investigate the indium desorption
from the growing surface, a QMS recorded the amount of In reflected back from the surface
during InN growth. Fig. 3.29 displays the percentage of indium desorbed as a function of the
substrate temperature. For a temperature below 550◦C, the In QMS signal is in the background
level. However for substrate temperature over 550◦C, the In signal increases strongly and
starts to saturate around 800◦C. At this temperature, no growth occurs any more as all metallic
species are re-evaporated. This defines the upper limit of ammonia-MBE growth window for
InN. In addition, the ammonia efficiency is plotted on the same graph (the data is taken from
Mesrine et al. [167]). Here, a lower limit of the growth temperature range can be defined, below
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Figure 3.30: Indium content over indium flux for three different NH3 fluxes, for a fixed Ga
flux. The indium content is calculated from simulations using PL measurements under flat-
band conditions. The error bar corresponds to the sensitivity of the focus of the microscope
objective.
which active nitrogen is no longer available. In the presence of In and Ga, active nitrogen (N∗)
will preferentially react with Ga when growing InGaN [168], meaning that the amount of active
nitrogen available for indium, N∗In , can be written as:
N∗In =N∗−N∗Ga , (3.1)
with N∗Ga the amount of active nitrogen available for Ga atoms per unit of time. Subsequently,
only the remaining N∗ can be used to form InN. Thus, the amount of N∗ per unit of time limits
the maximum indium content which can be incorporated, for a fixed Ga flux. In principle,
supplying additional NH3 while keeping the Ga and In fluxes constant should provide more N∗
available for In and hence increase the indium incorporation. However, blocking site effects
must be considered. Also, a higher NH3 flux will increase the pressure in the growth chamber,
and eventually screen the incoming metal flux [104] and consequently reduce Vg r .
In order to clarify these issues, a series of SQWs were grown, varying both the In and the
ammonia fluxes. 2.5 nm-thick InGaN SQWs were grown with a fixed Ga flux corresponding
to a Vg r of around 10 nm/h at a Tg r of 550◦C. At this temperature, the indium desorption is
low. Note that the Vg r was chosen based on the prior investigation of Dr. Amelie Dussaigne in
our group. The indium content in the QWs was extracted from RT PL measurements under
flat band conditions, i.e. with a very high excitation power, by calculation the peak energy
position using the QW thickness (Fig. 3.30). The indium content remains nearly unchanged
for all indium fluxes used in this study. A slight increase in the indium content is observed
when the NH3 flux is changed from 80 sccm to 490 sccm.
Under the range of growth conditions used, larger indium fluxes do not lead to an increase
in the wavelength, i.e. indium content. At these temperatures the indium re-evaporation
is low, thus it can be concluded that the growth is nitrogen limited. However, as more NH3
does not lead to a higher indium incorporation, the dissociation of NH3 might be limited per
unit of time. As already mentioned, this could originate from a site-blocking effect, limiting
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Figure 3.31: (a) The change in indium concentration vs. GaN growth rate is displayed, at
constant In and NH3 flux. (b) InN growth rate vs. GaN growth rate. A fit is shown by a red line.
The NH3 flux is 300 sccm and an In flux corresponding to the middle range of Fig. 3.30 were
chosen.
the NH3 dissociation at a temperature dependent rate. Another possibility would be indium
screening at the growth front. The role of desorption is studied in more detail. To investigate
this, three samples have been grown varying the Ga flux, but keeping the QW thickness as well
as the In and NH3 fluxes constant. The indium content is deduced from the QW PL energy
and plotted in Fig. 3.31 (a). It can be seen that the indium content changes only slowly. The
InN incorporation rate can be calculated from the indium content and the GaN growth rate:
xIn = VInN
VInN +VGaN
, (3.2)
with xIn the indium content, and VInN and VGaN the incorporation and growth rates of InN
and GaN, respectively. Thus VInN is given by:
VInN = xIn ·VGaN
1−xIn
. (3.3)
Plotting VInN as a function of VGaN (Fig. 3.31 (b)) shows that higher InN incorporation rate is
obtained for higher GaN growth rate. Faster GaN growth rate reduces InN desorption, thus
enabling higher In incorporation. However, the In content will still be limited by the amount
of available N∗. One can remark that the extrapolation for VGaN =0 leads to a very low VInN .
This indicates that InN cannot be grown for such growth conditions, as indeed observed.
As a conclusion of this study, the amount of N∗ that NH3 can provide at a given Vg r and Tg r
seems to be limited. It appears to be difficult to achieve highly efficient high indium content
InGaN alloys by NH3-MBE, especially due to a significant desorption.
3.3.2 Circumventing the NH3 limitation: NH3 and N-plasma
One of the particularities of the Riber compact 21 NH3-MBE reactor present in the LASPE
is the presence of two nitrogen sources, a NH3 source and a plasma-source. Here, it will be
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Figure 3.32: Indium content over indium flux for three different NH3 fluxes and for one
with additional N∗ (for a fixed Ga flux) obtained from simulations using PL data. The PL
measurements were performed under flat-band conditions.
Figure 3.33: RHEED intensity oscillations during the QW growth at 550◦C for a QW grown
using both NH3 and N-plasma.
demonstrated that the simultaneous use of both sources allows to overcome the limitations of
NH3-MBE and grow indium-rich InGaN alloys.
The growth window for NH3-MBE grown InGaN set by indium desorption and NH3 efficiency
is rather sharp, but unpublished work from our previous co-worker Dr. Amelie Dussaigne
showed that it is possible to achieved green emission with a 2.5 nm QW grown by NH3-MBE at
550◦C using an additional N-plasma. To understand this behavior, a series of QWs have been
grown, using 300 sccm NH3 and 1 sccm N2 at a plasma RF power of 360 W. High excitation
power PL (>105 W/cm2) was performed to extract the In concentration by achieving flat band
conditions. A linear dependency between In flux and In incorporation is found when the two
sources are used simultaneously (Fig. 3.32), and an In concentration above 40% is reached.
When only NH3 is used, the In concentration in the QW remains around 20%, as discussed
in the previous part 3.3.1. This supports the assumption that the growth is nitrogen-limited
when using only NH3.
Before the growth of the InGaN QW, a GaN buffer is grown at 800◦C with 100 sccm NH3, with
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a thickness over 1 µm (hillock regime). The 2.5 nm-thick InGaN QW is grown at 550◦C with
both 300 sccm NH3 and 1 sccm N-plasma (360 W RF power) with a Vg r of around 10 nm/h.
After completing the InGaN layer, the NH3 flux is stopped, the shutter of the N-plasma cell is
closed, and the temperature is ramped up quickly. This step is used to improve the abruptness
of the top interface by removing any remaining In excess from the surface [169]. At around
700◦C the NH3 flux is started again, to avoid desorption of the InGaN layer itself. Finally,
while ramping from 750◦C to 800◦C, a 30nm GaN cap layer is grown for about 2 minutes,
under the same conditions as the buffer layer. These growth conditions are nitrogen-rich,
not only for the GaN buffer and cap, but also for the active region. The active layer is grown
in a layer-by-layer growth mode, as seen by the presence of RHEED oscillations (Fig. 3.33),
and follows smoothly the steps of the underlaying GaN buffer, leading to a homogeneous QW
thickness as seen by HR-TEM in Fig. 2.47 (part 2.6.1). The slow RHEED oscillations allow a
precise in situ measurement of Vg r and thus a very precise control of the QW thickness. It is
worth noting that at this temperature no RHEED oscillations of GaN growth is observed, just a
spotty RHEED pattern. Indeed, In acts as a surfactant during InGaN growth.
While it is possible to grow high indium content InGaN alloys by both traditional PAMBE and
by NH3-MBE with additional N-plasma, the crystalline quality might be limited due to the
low Tg r . At very low Tg r , the point defect density can be strongly increased. The point defect
creation is tied to their formation energy and the existence of kinetic barriers. The formation
energy E f is correlated to the equilibrium-concentration Ceq of a defect [170]:
Ceq =NsitesNconfig exp(−E f /kT ), (3.4)
with Nsites the number of sites per lattice unit where the defect can be located, Nconfig the
number of equivalent configurations in which the defect can be incorporated (usually 1 for
vacancies, substitutions or antisites [170]), k the Boltzmann constant and T the temperature.
This equation holds true for thermal equilibrium conditions only. Higher temperatures en-
hance the diffusion which tends to homogenize or out-anneal point defects that exceed their
equilibrium concentration. At temperatures below the equilibrium one, kinetic barriers can
freeze the defects in place and thus allows to exceed the equilibrium defect concentration,
as kinetic barriers can limit the diffusion [170, p. 3854]. Therefore, a higher point defect
concentration can be expected in layers grown at low temperature. As the typical growth
temperatures for MOVPE are much closer to thermal equilibrium than the MBE ones, MOVPE
grown InGaN QWs could exhibit a lower point defect density than MBE grown ones. In order
to reduce the point defect density, one can increase Tg r and compensate the loss of indium,
or apply a TA to improve the material quality (as seen for MOVPE grown QWs in part 3.2.4).
These two options will be discussed thereafter.
When increasing Tg r , the reduction in indium content leads to a blueshift, to a reduction in
FWHM, and to an increase in the RT PL intensity, as observed in Fig. 3.34. However, at Tg r =
640◦C, nearly no In is incorporated as the In decomposition is strong: the observed weak peak
corresponds to a QW with roughly 2% In. Enhanced In desorption was countered with a larger
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Figure 3.34: RT PL spectra of MBE grown InGaN QWs (with both, NH3 and N-plasma) for
different Tg r .
(a) (b)
Figure 3.35: Peak emission energy for QWs grown at higher growth temperature and with (a)
variations in indium flux and (b) variations in the N-plasma flux (for a fixed In flux)
In flux (Fig. 3.35 (a)) and an increased nitrogen-plasma flux (Fig. 3.35 (b)). Increasing the
indium flux does not increase the indium incorporation, but increasing the nitrogen flux does.
This is expected, as nitrogen-desorption should be the limiting factor. Note that increasing
the In flux actually reduces the indium incorporation, which might be caused by surface
site screening. Nevertheless, only a slight change in indium incorporation was realized by
doubling the nitrogen flux. Strongly increasing it should allow a higher indium incorporation:
it is reported that the best reported InGaN LD structures (emitting up to 500 nm when optically
pumped) grown by PAMBE have been grown at elevated temperatures (above 620◦C) with
a huge nitrogen flux [57, 58], using two nitrogen plasma cells simultaneously. In addition,
Vg r might need to be increased to reduce the desorption further, but this would reduce the
amount of active nitrogen from the NH3 dissociation.
While it is thus reasonable to assume that the low Tg r limits the material quality, the very
high N∗ flux, which is needed to enhance In incorporation at elevated temperatures, makes it
challenging to achieve green emission when growing at high Tg r .
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Figure 3.36: (a) Integrated RT PL intensity of the annealed samples and corresponding FWHM
over the annealing temperature. The intensities are normalized to the as-grown reference. In
(b) the blueshift of the annealed samples with respect to the as-grown one are shown.
3.4 Thermal annealing of MBE grown InGaN QWs
As an increase in Tg r is limited, a post-growth TA might be an option to improve the material
quality, as a slight improvement was observed for MOVPE grown QWs with a similar indium
content (part 3.2.4). It should be mentioned here that for InGaAs it has been also shown that
material which is grown at a too low Tg r can recover its emission intensity by annealing [171].
For more information about the case of InGa(N)As, where similar features have been observed,
the reader is referred to appendix A. As the MBE QWs are grown at much lower Tg r than their
MOVPE counterparts, a stronger beneficial effect of TA could be expected.
To investigate the effect of a thermal budget, samples with a 2.5 nm-thick SQW with 25 %
indium, emitting at about 2.35 eV, were annealed ex situ during 2h, in a HVPE reactor, under
NH3 atmosphere to avoid degradation of the 30 nm cap layer. Ta was varied from 800◦C (Tg r
of the cap) to 975◦C. In Fig. 3.36 (a), the integrated RT PL intensity of the annealed samples
(normalized to the value of the as-grown reference) and the corresponding FWHM are plotted
over Ta . When increasing Ta from 800◦C up to 880◦C, a strong increase in PL intensity is
observed, up to roughly a factor of 6 compared to the as-grown reference. At higher Ta , the
PL intensity drops, indicating the beginning of the degradation of the QW. In parallel, the
linewidth of the PL emission reduces until Ta = 850◦C and increases for higher Ta . The TA also
causes a blueshift (see Fig. 3.36 (b)) until Ta = 880◦C and a redshift afterwards. The reduction
in FWHM and the blueshift can be tentatively attributed to a homogenization of indium
content in the layer, and the redshift and increase in linewidth to a beginning degradation,
which is discussed later. In Fig. 3.37 (a), the RT spectra of the as-grown reference and the
sample annealed at 880◦C are shown to highlight the different PL intensities. The evolution
of the PL peak position over temperature (Fig. 3.37 (b)) supports the interpretation that a
homogenization of the indium distribution takes place. Indeed, there is a blueshift in the
annealed sample which is accompanied by the suppression of the s-shape behavior of the
reference sample. This is an indication that the lowest energy states have been suppressed
during annealing, which is consistent with the reduction in the FWHM. Interestingly, the same
behavior of PL intensity and FWHM is observed not only for annealed InGaN QWs, but also
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Figure 3.37: In (a) the PL RT spectra of the as-grown QW and after annealing at 880◦C are
shown. In (b) the evolution of the peak position with the temperature of the two samples is
displayed (the lines indicated varshni plots).
Table 3.2: The surface rms roughness (measured by AFM for 10 x 10 µm2 images) and the
corresponding values for PL intensities and IQE are listed.
Ta in ◦C: as-grown 800 850 880 920 975
rms roughness for 10 x 10 µ m2 (nm) 10.9 10.9 7.1 5.7 2.5 5.0
Int. PL intensity at 10K (a. u.) : 6.993 6.090 6.632 6.183 6.234 7.609
Int. PL intensity at 300K (a. u.): 0.051 0.090 0.225 0.282 0.161 0.088
IQE (%) 0.7 1.4 3.4 4.5 2.6 1.2
for the arsenide GaInNAs system [172].
There are two possible origins for the strong improvement in the RT integrated PL intensity: an
increase in light extraction efficiency or an increase in internal quantum efficiency (IQE). Light
extraction efficiency could enhanced due to the surface roughness [173] increasing during
TA. In that case, the improvement should be the same at 10K, as a difference in extraction
efficiency is not affected by temperature. On the contrary, if the higher PL intensity is due to
an increase in IQE, the improvement should vanish at 10K, where the effect of non-radiative
recombinations can be neglected. Consequently, the PL intensities should be similar at low
temperatures in the latter case, as observed for the MOVPE QWs grown on sapphire (see
part 3.2.4). In addition, a similar or reduced surface roughness would also point towards an
increase in IQE as origin of the PL improvement.
The surface morphology changes upon TA (Fig. 3.38). It can be seen that for a Ta >900◦C
the hexagonal mounds gets rounder. In fact, the surface gets smoother and reduction in rms
surface roughness is already observed for a Ta >800◦C (see Tab. 3.2). The sample annealed at
Ta =920◦C exhibits even a rms roughness that is 4 times lower than the as-grown reference
one. This rules out a higher light extraction efficiency for the annealed samples. Actually, the
light extraction might even be slightly higher for the as-grown reference one. The evolution
of the integrated PL intensity with the temperature, displayed in Fig. 3.39, supports this.
The intensity of all the samples is roughly the same at 10K, similar to what was observed for
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Figure 3.38: 10 x 10 µm2 AFM images of NH3-MBE grown InGaN QWs with a 30 nm GaN cap
(a) as grown, and upon thermal annealing at (b) 800◦C, (c) 850◦C, (d) 880◦C, (e) 920◦C and (f)
975◦C.
comparable MOVPE QWs in part 3.2.4. Therefore, light extraction efficiency is ruled out as the
origin of the improved integrated PL intensity by both AFM and PL measurements.
However, the intensity drop is different from one sample to the other. The ratio of the inte-
grated PL intensity at RT over the integrated PL intensity at 10K provides, in a first approxi-
mation, an indicative value of the IQE. As listed in Tab. 3.2, the IQE of the QW is increased
upon TA and the maximum is obtained at Ta = 880◦C with an increase of a factor of over 6.
Interestingly to note, the improvement in integrated PL intensity upon annealing is larger than
for MOVPE grown QWs with the same indium content (Fig. 3.23). However it is lower than
what was observed for MOVPE grown QWs with a higher indium content (Fig. 3.21). It can
Figure 3.39: Integrated PL intensity of the as-grown and annealed samples over the tempera-
ture.
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Figure 3.40: A HR-TEM image of the sample annealed at 880◦C (top) and the as-grown refer-
ence (bottom). The overlaid color code indicates the indium distribution measured by strain
analysis.
thus be tentatively concluded that both Tg r and indium content determine the magnitude
of improvement that can be achieved by TA. The improved IQE could be attributed to either
a reduction in non-radiative recombination centers (i.e. point defects) upon TA or to an
improved localization due to formation of indium-rich clusters or even QD formation.
HR-TEM was performed on the as-grown reference and the sample annealed at 880◦C, since it
shows the highest improvement in terms of IQE (3.40). For both samples, the QW interfaces
are sharp and show no sign of In clusters or QD formation. The as-grown QW is slightly more
inhomogeneous than the annealed sample, with tiny indium-rich clusters which are dissolved
by annealing at 880◦C. Simulating the QW emission energy using the indium concentration
measured by HR-TEM (25% and 24% for the as-grown and annealed samples, respectively)
leads to the same blueshift as observed on PL measurements. Additionally, a reduction in
the FWHM of the PL is observed for this sample compared to the as-grown one, indicating a
more homogeneous InGaN layer. Finally, the behavior of the peak position over temperature
supports this explanation (Fig. 3.37 (b)), as a shallower localization is observed at 10K. As
indium clustering and QD formation can both be ruled out by HR-TEM and PL, the strongly
improved IQE for the sample annealed at 880◦C is probably due to a reduction of non-radiative
recombination centers by point defect curing (PDC).
The initial improvement is followed by a degradation at a Ta >880◦C, characterized by the
drop of the IQE. Such a behavior was also observed for MOVPE grown InGaN QWs (see part
3.2.1) as well as for GaInNAs QWs [174]. The increase in FWHM and the redshift at higher
Ta (Fig. 3.36) can be explained by degradation of the QW interfaces and the formation of
In-rich clusters (see part 3.2.2). The loss of interfaces is confirmed by TEM performed on
the samples annealed at 920◦C (Fig. 3.41 (a)) and at 975◦C (Fig. 3.41 (b)), where QDs start to
form. Here, it should be mentioned that no dark spots were observed on the fluorescence
maps of this sample. However, another MBE sample with a higher In content QW annealed at
975◦C showed dark spots areas as well as blue luminescence, as described for highly degraded
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(a)
(b)
Figure 3.41: TEM images of the QW samples annealed at (a) 920◦ and (b) 975◦C.
(a) (b)
Figure 3.42: Normalized PL spectra of annealed MBE-grown GaN at 10K. In (a) GaN peak is
shown, while in (b) the wider energy range includes the donor-acceptor pair peak.
MOVPE QWs (part 3.2.2). This indicates that the formation of metallic indium clusters takes
place in MBE grown InGaN QWs as well.
Now one should look at the effect of TA on the GaN barrier itself. In Fig. 3.42 the 10K PL
spectra of GaN grown at 800◦C by NH3-MBE is shown for the as-grown reference, as well as for
two TA steps (Ta =880◦C and Ta =1000◦C). The GaN annealed at 880◦C shows a slightly less
intense exciton peak XA with respect to the donor bound (D0XA) and acceptor bound (A0XA)
exciton ones. However, when the GaN is annealed at 1000◦C, it shows a strong increase in the
DAP peak with respect to the GaN peak. The increase could originate from additional defects
created at the surface or in the bulk during the annealing step. This increase in the DAP peak
at high Ta indicates that there is a limit for TA after which the quality of the GaN itself can
degrade, at least for the annealing conditions used in this work.
The improvement in IQE is tentatively attributed to a reduction of non-radiative recombina-
tions by a PDC and not to a stronger localization. To gain further insight, it is important to
investigate if only the QW itself or also the barrier is improved. This can be done by probing
the QW pumping into the barrier or directly into the QW. In the former case, the carriers are
photogenerated in the barrier region and have to diffuse into the well during which they can
recombine non-radiatively in the presence of defects. In contrast, pumping only into the QW,
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Figure 3.43: Integrated RT PL intensity, normalized to the as-grown value, as a function of the
annealing temperature, when pumping into the barrier (black squares) or into the QW (blue
circles).
allows to probe the reduction in non-radiative recombinations in the QW. In Fig. 3.43 the
integrated RT PL intensity as a function of Ta is displayed for both excitation energies (using a
HeCd emitting at 325 nm to pump into the GaN and an InGaN LD emitting at 375 nm to only
pump the QW). Note that the intensities are normalized to the as-grown reference sample. The
improvement at Ta =800◦C is about the same for both pumping energies. This indicates that
at this temperature, nearly all of the improvement originates from the QW. Note that since the
buffer layer and also the cap layer are grown at approximately the annealing temperature, no
improvement is expected for these layers. As the cap layer is 30 nm-thin (about two minutes
at 800◦C), which corresponds to only a small thermal budget introduced onto the underlaying
active InGaN region, negligible compared to the 2 h TA.
When increasing Ta (>800◦C), the barrier starts to become the main contributor of the im-
provement, with a much stronger increase in PL intensity than for the QW. Note that it is not
possible to distinguish between the curing of native defects from the barriers, created during
the barrier growth itself, and defects that diffused from the QW plane into the barriers and got
cured there.
The question remains whether the improvement is indeed due to point defects being cured
or passivated by the annealing process. To gain further insight, the effect of the TA on the
evolution of the carriers over time is investigated by time-resolved PL (TRPL), performed in
Montpellier. First, the basics of TRPL are quickly introduced. The samples are excited with an
ultra-short laser pulse. The change in carrier population in the QW (n) over time is given by:
dn
d t
= n0∗δ(t )∗ 1
τdec
, (3.5)
with τdec the decay time. Here, the ultra-short excitation pulse (at time 0) is expressed by a
delta function. This holds if the carriers are excited directly in the QW. Otherwise, they are
mainly excited in the barriers. Consequently, the delta function in Eq. 3.5 has to be replaced
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Figure 3.44: Integrated PL intensity of the as-grown sample and the samples annealed at 880◦C
and 920◦C are displayed over time. Lifetimes are indicated for each sample.
by a term allowing for the diffusion from the barriers into the QW:
dn
d t
= n0∗e
t
τdi f f ∗ ( 1
τdec
), (3.6)
with τdi f f the diffusion time. The decay time τdec has two components, the radiative decay
time τr and the non-radiative decay time τnr , and is given by:
1
τdec
= 1
τr
+ 1
τnr
. (3.7)
τr corresponds to radiative transitions where a photon is created. On the other hand, τnr
covers all non-radiative processes. At low temperatures, τnr is very long , and consequently,
the recombinations are mainly governed by radiative transitions. However, with increasing
temperature, τnr gets smaller and non-radiative transitions become more and more dominant.
At high temperatures, the decay time mainly depends on the non-radiative recombinations. A
reduction in non-radiative recombination centers, such as point defects, would thus lead to
an increased lifetime. The lifetime is used here as the time it takes for the intensity to drop to a
10th of its initial value.
TRPL was performed during a visit to the Laboratoire Charles Coulomb in Montpellier, using
the third harmonic of a mode-locked Ti:sapphire laser (at 266 nm, thus pumping into the
GaN barriers and not only into the QW). The integration was performed for the same window
around the central wavelength for all samples. The measurement temperature was set to 266K.
At this temperature, non-radiative recombinations are already dominant. In Fig. 3.44, the
integrated TRPL intensity over time is displayed for the as-grown sample and the samples an-
nealed at 880◦C and 920◦C. The lifetime starts at 27.8 ns (for the as-grown reference), increases
with Ta and peaks for the sample at 880◦C at 38.4 ns, before it drops again slightly to 33.3 ns
for the sample annealed at 920◦C. Assuming the non-radiative recombinations are dominant,
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the increased lifetime indicates a reduction in non-radiative recombinations for the annealed
samples. This agrees very well with the observed improvement in IQE, indicating a reduction
in the non-radiative recombination centers and thus a PDC.
Overview for InGaN QWs grown by NH3-MBE
In the second part of this chapter, In-rich InGaN QWs grown by NH3-MBE were investigated.
First, it was shown that the limitation in indium incorporation for NH3-MBE originates from
the amount of N∗ which is limited per unit of time. The combination of two nitrogen sources,
NH3 and N-plasma, allows to obtain QWs with a very high indium content. The low efficiency
of the QWs could not be overcome by increasing Tg r due to enhanced desorption. However,
by utilizing a post-growth TA step, it is possible to strongly enhance the RT PL emission of high
indium content InGaN QWs grown at 550◦C by NH3-MBE. The TA improves the IQE by curing
point defects out of the active region and the barriers area around it. At higher Ta , the high
indium content QWs degrades. A similar behavior is observed for the MOVPE samples (part
3.1). The main result is the increase in RT PL emission by a factor of 6 with a simultaneous
reduction in FWHM upon annealing. In combination with the improvement observed for
MOVPE QWs, it can be assumed that both a high indium content and a low Tg r enhance the
window for improvement by TA, as the improvement in PL intensity is more pronounced for
MBE QWs than for MOPVE QWs (with the same In content).
3.5 Point defect curing
Indium-rich InGaN QWs that were not exposed to any thermal budget exhibit an increased RT
PL emission upon TA. This takes place for both MOVPE and MBE grown QWs. This effect is
stronger in MBE QWs, as their Tg r is lower. As described in part 3.3.2, point defects are likely to
exceed the equilibrium concentration at low Tg r , and might be “frozen”. As already mentioned
in the previous part, the potential improvement depends on both the indium content and
the QW growth temperature. Interestingly, the best improvement happens around a similar
temperature (850◦C - 880◦C) for the investigated In-rich QWs grown by both techniques,
hinting that the same type of defects might be affected.
One question that needs to be addressed is whether hydrogen could be responsible of the
defect curing or not. Hydrogen passivation could take place during the annealing in NH3
atmosphere, and surpass the effect of defect diffusion and annihilation (which could explain
the curing without hydrogen). To investigate this, the MOVPE DQW sample with 35% indium
(from series A) has been annealed at 850◦C in N2 atmosphere. The PL spectra of this annealed
sample and an as-grown reference are shown in Fig. 3.45 for different temperatures. It can
be cleary seen that the emission at 10K is about the same intensity, while an improvement in
PL intensity is observed for the annealed sample at higher temperatures, similar to what is
observed for annealing in NH3 (see Fig. 3.21). This shows that a hydrogen passivation during
107
Chapter 3. Indium-rich InGaN quantum wells
3
3
3
(b) (c)(a)
Figure 3.45: PL spectra of the sample with 35% In as-grown and annealed at 850◦C without
NH3 at (a) 10K, (b) 90K and (c) 150K.
the annealing is unlikely to be responsible for the observed improvement in PL intensity.
Therefore, point defect curing and not hydrogen passivation is likely at the origin of the
improvement in quantum efficiency.
To investigate this in more detail, the point defects that are likely to appear in the III-nitrides -
impurities, vacancies and interstitial - are discussed with a focus on their diffusion properties.
One possibility are impurities, which can come from residual impurities inside the reactor or
from the materials used. Their density could be enhanced for both, lower Tg r and lower Vg r .
A second possibility are vacancies or interstitials. Their formation depends on the Fermi level
and Tg r [154]. Note that for the diluted nitride system reviewed in the appendix, the presence
of nitrogen affects the formation energy of Ga interstitial (GaI )[175], and for Mg-doped GaN,
the formation energy of nitrogen vacancies (VN ) is supposed to be reduced. In the case of
the III-nitrides, most research has been done on binary compounds, especially on GaN [176],
as the quality of GaN layer is high enough to allow to study the material properties in depth,
which is not the case for InGaN. Thus, to the author’s best knowledge, it is not known whether
the presence of indium at the growth front changes the formation energy of point defects.
However, as In incorporation induces strain, it is likely that not only the diffusion, but also the
formation of point defects around strained areas or dislocations might be affected [144].
To compare the results of the TA (parts 3.2 and 3.4) and to investigate which kind of defects
could be possibly cured, it is worth taking a look at the activation energy (EA) for the diffusion
of the defects. It needs to be pointed out that the additional peak that appears at 2.75 eV for
degraded samples is probably also due to additional point defects (namely VN , VGa or GaO).
However, the curing discussed here concerns the curing of defects that were created during
growth and not introduce afterwards by the TA. First, the case of Ga vacancies (VGa) in GaN is
considered. PAS was performed by Tuomisto et al. to study the effect of TA on VGa artificially
created by irradiation of GaN [176]. Two regimes were identified: the first half of the VGa
anneals out at low Ta (until 330◦C), while the second anneals out completely at a temperature
of 850◦C [176]. This second temperature is very close to the Ta where the main improvement
in RT PL was observed in this work (850◦C - 880◦C). The authors proposed that this second half
of VGa is more stable with temperature because they could be stabilized by VN or H [176]. A
theoretical calculation of the vacancy-mediated activation energy for Ga diffusion has yielded
a value between 3 eV and 4 eV, which corresponds to a temperature range above 800◦C [154].
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Note that to link the calculated EA to a temperature, Limpijumnong and Van de Valle assumed
a prefactor of 1013s−1 and a hopping rate of s−1 [154, p. 8]. Chuo et al. [177] observed In
and Ga interdiffusion between 900◦C and 1050◦C and measured an activation energy of 3.4
± 0.5 eV. This data fits with the range where the TA-induced PL improvement is observed
for both the annealed MOPVE and MBE QWs. However, the effect of Tg r might need to be
taken into account. It is worth noting that for the GaInNAs system, the optimum annealing
temperature and duration depends on the Tg r of the layer [174]. In case the defect density is
Tg r -dependent, the diffusion length of the point defects should also depend on Tg r , meaning
it could be easier to diffuse in a layer grown at LT.
VN are more difficult to detect, as they are not negatively charged. PAS can only detect them
if they form clusters with VGa . However, it is possible to look at the nitrogen-diffusion by
growing a GaN/GaN/GaN sandwich structure (by PAMBE) where the middle layer is grown
with a different nitrogen isotope [178]: Ambacher et al. investigated the diffusion of the
nitrogen isotope (from the middle layer) during TA by SIMS. For the nitrogen diffusion an
EA of 4.1 eV ± 0.4 eV was found [178]. This EA is close to the one that as been obtained
by calculations for VN (4.3 eV [154]). Again, these values are in good agreement with the
temperature range where the improvement in RT PL was observed in this work (parts 3.2 and
3.4).
Concerning Ga or N interstitials (GaI or NI respectively), little is known about their diffusion.
A study which used electron paramagnetic resonance obtained an EA of 0.7 eV for irradiation-
induced GaI [179], and similar results have been obtained by calculations [154]. For Ni , no
experimental data is known to the author’s knowledge, but calculations indicate that they
should become mobile at much lower temperatures as well (around 200◦C [154]). Thus they
are also unlikely to play a dominant role in the observed PDC.
For InGaN grown at 550◦C, a small indication can be gathered from recent investigations
on point defects in bulk InN performed by Rauch et al. [180]. InN grown by MOVPE at 500-
550◦C was investigated: when decreasing Tg r the structural, electrical, and optical properties
were degraded and PAS indicated that low Tg r promotes the formation of VIn - nVN vacancy
complexes [180]. Again, this can be only taken as a possibility for the InGaN QWs under study.
To summarize, comparing the temperature range upon which the improvement in IQE occurs
to theoretical calculation for point defect diffusion in bulk GaN (and InN), allows to assume
that vacancies are more likely to play a role than interstitials or impurities.
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4 Conclusion and outlook
The results of the study of the kinetic growth regime and its consequences are summarized
first. In a second step, issues of InGaN QW growth and stability are revisited, before giving an
outlook for future work and relevance for designing device structures.
The kinetic growth regime
When the growth temperature is low, as used for example for InGaN QWs and their surround-
ing barriers, the III-nitride growth is governed by kinetic effects, which are dominated by the
asymmetry of attachment to a step-edge, called the Ehrlich-Schwöbel barrier. The ESB has a
profound impact on both the micro- and the macrostructure: it suppresses the layer-by-layer
growth mode and the step-flow growth mode and makes the growth mode unstable against
perturbations.
As a consequence, three ESB-induced surface morphologies can be observed, depending on
the growth conditions: mound (or hillock), finger (or step-meander) and step-bunching. In
this work, these predicted morphologies have been demonstrated for GaN layers grown ho-
moepitaxially by MOVPE, as well as MBE, and compared to a kinetic Monte Carlo simulation.
These morphologies consist of self-assembled features. Not only the type, but also the dimen-
sion can be controlled: on the one hand, the peak-to-valley ratio, or height of the pattern,
depends on the thickness of the layer. On the other hand, the lateral feature size, or periodicity,
scales with the growth rate and is independent of the layer thickness. Extracting the scaling
parameter of the periodicity with the growth rate can allow to differentiate between a 2D
kink or a 1D step Ehrlich-Schwöbel barrier (even though further theoretical investigations are
needed to firmly conclude). The different morphologies that are usually reported by the differ-
ent growth techniques (MOVPE, NH3-MBE and PAMBE) are thus due to the use of different
growth windows. Therefore, adjusting the growth parameters allows to achieve the desired
surface morphology with all growth techniques. It is also possible to obtain smooth and flat
morphologies by reducing or even eliminating the ESB-induced features. The effect of the ESB
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can be reduced:
a) by increasing the growth temperature, so that the energy of the adatoms is high enough to
easily overpass the ESB,
b) by decreasing the growth rate, so that smoothening effects can counter the ESB-induced
massflow, and
c) by using adlayers, which can not only affect the diffusion on the steps (surfactant effect),
but can also provide a diffusion channel over the step-edges, which allows avoiding the ESB.
Thus adjusting the growth conditions provides a big toolbox to control the surface morphology.
Finally, the ESB-induced morphology can have an impact on device performance since the
local variations of the misorientation affect the indium incorporation. As a consequence, a
finger-like pattern can be observed on the spatial distribution of the light emission of QWs
grown on a finger-morphology. As the step-meander formation aligns on pinned dislocations,
a self-screening of defects can take place and the ESB-induced morphology can therefore
improve device performance, as demonstrated for a SQW InGaN LED.
However, several interesting questions remain that should be investigated in more depth in
future research:
(i) the ESB seems to be relevant for other nitrides, as indicated by the presence of characteristic
kinetic surface morphologies. For InAlN, where mounds are observed even if lattice-matched
to GaN, the degradation of the crystalline quality could be due to diffusion deficits related to
the ESB. Thus playing on the kinetics could allow to prevent the hillocks and achieve smoother
morphologies.
(ii) it was observed that the growth on an underlaying InGaN layer has some impact on the
subsequently grown GaN layers (due to strain, step width variation or a remaining surfactant
effect). Thus it would be interesting to extend the research to include the interaction of the dif-
ferent layers in a structure. As a consequence, the growth conditions for a desired morphology
need to be tested with the correct structure underneath.
(iii) here, it could not be determined if a SESE or a KESE is at the origin of the observed surface
features. A systematical study using different offcut orientation could help to distinguish
between them.
Thermal degradation of In-rich InGaN QWs
In the second part of the dissertation, the effect of a thermal budget on In-rich InGaN QWs
was studied. The degradation threshold for In-rich InGaN depends on (i) the indium content,
(ii) the QW thickness and (iii) the number of QWs. For In-rich QWs, the typical thermal bud-
get of MOVPE p-type layer grown on top can already degrade the QWs. The degradation is
characterized by the formation of dark spots where nearly no QW emission is observed. Even
though their density and size seem to be enhanced by a high dislocation density, they also
appear for QWs grown on FS GaN with a low dislocation density. Therefore, they are more
112
likely connected to indium inhomogeneity, which could trigger the degradation.
The degraded samples exhibit a blue luminescence at 2.75 eV, which has been observed at the
dark spot positions. Additionally, HR-TEM reveals the formation of metallic In cluster in the
degraded samples. Consequently, this blue luminescence at 2.75 eV is tentatively attributed
to VN related transition, or less likely to VGa or GaO complex formation around the metal
nanoclusters.
Defect annealing
In the case of NH3-MBE, since the amount of active nitrogen from the NH3 is limited at low
growth temperatures, it is challenging to realize a high indium content. Hence N-plasma has
been used simultaneously to achieve green emission. However, as the growth temperature is
much lower than the degradation onset, thermal annealing is found first to strongly improve
the QW PL emission for a certain range of moderate temperatures. An improvement of the
RT PL intensity up to a factor of 6, combined with a reduction in the linewidth, has been
observed for a green QW upon annealing. A similar but weaker improvement is also observed
for MOVPE grown QWs with the same indium content (25%). However, for InGaN QWs with
a higher In content (35%), a strong improvement is also observed for MOVPE grown QWs.
This improvement is tentatively attributed to a point defect curing. It seems that not only the
growth temperature but also the indium content affects the point defect formation. Note that
these observations were made for QWs with a thin GaN cap layer. In the case of a complete
device structure, the thermal budget induced by the subsequent layers, if grown at moderate
temperatures, could already cure point defects. The different PL efficiencies between single
and multiple QWs can be partly attributed to such a self-annealing. Finally, comparing the
temperature range where the improvement is observed to the range where the different point
defects in GaN become mobile, it seems that thermal annealing most likely induces vacancy
out-diffusion, while H passivation is less likely.
Effect of a thermal budget on indium-rich QWs
To summarize, the following processes seem to take place in indium-rich InGaN QWs subject
to a thermal budget:
a) a low thermal budget improves the homogeneity of the InGaN layer (by dissolving initially
present indium-rich clusters) and cures point defects initially present in the as-grown layer.
b) at an intermediate thermal budget, the point defects continue to be cured, improving
the material quality further. However, the QW interfaces start to get rougher and in- and
out-of-plane indium diffusion starts to take place, leading to the formation of indium-rich
clusters (probably partly enhanced by dislocations).
c) under a higher thermal budget, the In-N bonds start to break, leading to the appearance
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of dark spots and metallic indium clusters as observed by fluorescence and HR-TEM, respec-
tively. Blue luminescence is observed at the dark spots and is attributed to newly created
point defects. The dark spot area grows with increasing the thermal budget, leaving less intact
InGaN QW area to emit and thus causing the QW PL emission to vanish.
Outlook
In this work, a connection has been made between the physical origin of the observed mor-
phologies of GaN and their effect on device performance. Understanding the origin of the
self-assembled surface features not only allows to get rid of them, but also to use them on
purpose. Controlled ESB-induced features could be of use for self-ordered nano- or mi-
crostructures. Such self-assembled patterns could allow aligning QDs without a prepatterning
step, or fabricating quantum wires. Indeed, such an ordering has already been demonstrated
for Ge dots on meandered Si. In addition, an alignment parallel to the offcut could be also
realized this way.
For In-rich InGaN-based devices, two effects could influence the different observed efficien-
cies of MBE and MOVPE grown QWs: the different growth temperature and interaction of
the growth-front with dislocations. The latter refers to the observation that the alignment of
the ESB-induced features with dislocations is pronounced in MOVPE but not in MBE grown
structures, which might be due to a different surface chemistry. The role of adatoms, especially
indium, should be investigated in more depth to provide a more detailed understanding. In
addition, further research is required to include plasma-assisted MBE grown QWs into the
thermal annealing study.
The thermal budget places a strong limit on the growth conditions for indium-rich devices, but
when the active region is grown at a low growth temperature, in order to incorporate indium,
an annealing step could improve the material quality. So as a final outlook, two directions
might be fruitful for highly indium-rich devices. First, an optimized annealing step combined
with a low temperature p-type could allow for the fabrication of efficient MOVPE or MBE
grown InGaN-based devices. High efficient devices with an even longer wavelength, pushing
far into and/or beyond the green gap, could be realized this way. Note that both the buffer layer
underneath as well as the InGaN alloy should be optimized to achieve a very homogeneous
In distribution for LDs. Second, hybrid structures, which combine high efficiently In-rich
MOVPE InGaN QW with low temperature MBE p-type layer, might be an option to combine
the best of the two growth techniques.
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One system that had issues related to too low Tg r and subsequently introduced point defects
was GaIn(N)As. While InGaAs is well developed and allows the fabrication of high perfor-
mance devices, the growth temperature needs to be reduced when willing to incorporate N, as
nitrogen incorporation takes place at much lower temperatures than those commonly used
for GaAs based devices [162]. At this temperature, the as-grown layers are of poor material
quality and exhibits weak luminescence.
However, it was found out that it was possible to recover laser quality material by post-growth
thermal annealing [162, 171, 174]. The intensity of the PL signal was increased drastically
(by over 50 times), the FWHM of the peak got narrower and a small blue-shift was observed
upon thermal annealing [171]. This improvement was attributed to an reduction in point
densities upon annealing [171] - a point defect curing (PDC) - and on a homogenization of the
N distribution. A few point that should be stressed and discussed into more detail:
First, the PL improvement is not limited to layers with N. An InGaAs QW grown at the same
Tg r that is used for the GaInNAs QWs (so at a Tg r that is necessary for the N incorporation,
but much lower than commonly used for InGaAs QWs) also exhibits very poor PL emission,
and can also be improved by the same TA as the GaInNAs QWs [171]. Indeed, the PL intensity
of a GaInNAs QW grown at the low Tg r can increase by nearly two orders of magnitude after
TA and InGaAs QWs grown at the same LT grown conditions (just without N) and treated by
the same TA process display the same (or even a bit higher) improvement in PL intensity, as
shown in Fig. A.1 taken from Tournie et al. [171]. However, they do not exhibit a significant
blue-shift after TA as observed for GaInNAs QWs.
Second, GaInNAs QWs grown at higher temperatures can show a spotty RHEED pattern and
a low PL efficiency that is not enhanced by TA; however, the blue-shift takes still place [171].
This indicates that increasing Tg r does not lead to the desired effect.
Third, the effect of the TA depends on the growth temperature [174]. In fact, the optimum
annealing time and temperature depend on the initial QW growth conditions: the lower the
initial Tg r , the shorter the optimum TA duration and also the lower the optimum Ta . This is
displayed in Tab A.1 taken from Geelhaar et al. [174].
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(a) (b)
Figure A.1: Effect of TA on GaInNAs and GaInAs QWs grown at the same growth temperature,
taken from Tournie et al. [171]: (a) as-grown and (b) annealed.
Table A.1: A table of the Tg r dependence of the effect of TA on GaInNAs QWs. The conditions
for the best PL emission are listed, taken from Geelhaar et al. [174].
Tg r in ◦ C: 360 400 430 455 480
Ta in ◦ C: 600 600 630 690 750
Annealing duration in min: 30 30 30 30 70
Fourth, non-optimized annealing, e.g. too long and at too high Ta , leads also to a reduction
in PL intensity [174]. This could be interpreted as a diffusion related effect.
And fifth, it should be also mentioned that the optimum PL intensity (after optimized anneal-
ing) was obtained for samples grown at moderate temperatures, as displayed in Fig. A.2 taken
from Geelhaar et al. [174]. This indicates that the process of annealing of GaInNAs QWs is not
straightforward and strongly dependends on the initial growth conditions.
Figure A.2: Effect of TA on GaInNAs samples, taken from Geelhaar et al. [174]. (a) The PL
intensity over the growth temperature is displayed for different thermal annealing procedures.
(b) The peak position over the growth temperature is displayed.
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Materials
Ga Gallium GaN Gallium nitride
Al Aluminum AlN Aluminum nitride
In Indium InN Indium nitride
InGaN Indium gallium nitride InAlN Indium aluminum nitride
AlGaN Aluminum gallium nitride
NH3 Ammonia N∗ Active nitrogen
N2 (Molecular) nitrogen H2 (Molecular) hydrogen
TMIn Trimethylindium TMAl Trimethylaluminum
TMGa Trimethylgallium TEGa Triethylgallium
Mg Magnesium Si Silicon
Ge Germanium C Carbon
Cu Copper Pt Platinum
Miscellaneous
QW Quantum well QD Quantum dot
LED Light emitting diode LD Laser diode
Tg r Growth temperature Vg r Growth rate
LT Low temperature HT High temperature
RT Room temperature Ta Annealing temperature
TA Thermal annealing ML Monolayer
FS GaN Free standing GaN (0-3)D (0-3) dimensional
ES Ehrlich-Schwöbel ESB Ehrlich-Schwöbel barrier
SESE Step ES effect KESE Kink ES effect
SSE Self-screening effect PDC Point defect curing
VN N vacancies GaN Ga vacancies
NI N Interstitials GaI Ga interstitials
IQE Internal quantum efficiency EQE External quantum efficiency
KMC Kinetic Monte Carlo simula-
tion
HR High resolution
rms Root mean square FWHM Full width at half maximum
133
Acronyms
Techniques
MOVPE Metal organic vapor phase epitaxy
MBE Molecular beam epitaxy
NH3-MBE Ammonia MBE
PAMBE Plasma-assisted MBE
HVPE Hydride vapor phase epitaxy
AFM Atomic force microscopy
STM Scanning tunneling microscopy
(HR-) TEM (High resolution) transmission electron microscopy
SEM Scanning electron microscopy
(HR-) XRD (High resolution) X-ray diffraction
QMS Quadrupole mass spectroscopy
RHEED Reflection high-energy electron diffraction
EL Electroluminescence
PL Photoluminescence
TRPL Time-resolved PL
PAS Positron annihilation spectroscopy
ODMR Optical detected magnetic resonance
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